
8.5 Stress-corrosion Cracking

of Titanium, Magnesium and

Aluminium Alloys

Titanium

Stress-corrosion cracking occurs in titanium alloys in a number of environ-
ments, although the number of failures that have occurred under service con-
ditions is very small. Because of the widespread use of titanium alloys in
aeroplanes and space vehicles and their increasing use in marine applications
it is important that the possibilities of service failures should be removed. As
a result a considerable and increasing amount of work has been done on this
subject over the last decade as indicated in a recent extensive survey1.

The two principal forms of stress-corrosion failure are (a) hot salt crack-
ing and (b) room-temperature cracking, the latter occurring in both aqueous
and methanolic chloride environments, and in N2O4. In addition, environ-
mental failures can occur in alloys in direct contact with some liquid and
solid metals, and certain gases.

Hot Salt Cracking23

Many titanium alloys develop cracks if they are heated under stress while in
direct contact with solid chlorides in the presence of oxygen and moisture at
temperatures higher than about 25O0C, and cracking is predominantly
intergranular. Originally the phenomenon was associated with residual
traces of NaCl in perspiration2 and it is sometimes referred to as finger-
print cracking. Many other chlorides can cause this type of failure to
different degrees. The severity of attach varies4 with the cationic species,
becoming greater in the order MgCl2 < SrCl2 < CaCl2 < KCl < BaCl2 <
NaCl < LiCl. Bromides and iodides also cause cracking but fluorides do not.

Mechanism The mechanism of cracking has not been established. Even the
corrosion reaction that is responsible for the initial attack has not been deter-
mined. Early work5 led to the suggestion that chlorine gas was generated
and could cause fracture by a cyclic process requiring the formation and
decomposition of TiCl2:



Ti + TiO2 + 2NaCl + JO2 -> TiCl2 + Na2TiO3
TiCl2 + O2 -> TiO2 + Cl2

Ti 4- Cl2 -» TiCl2 (at the crack tip)

Chlorine has been identified6 as a reaction product, and furthermore it
has been shown7 that cracking can occur in chlorine gas in the absence of
oxygen.

The formation of low-melting-point mixtures has also been considered8

as a possible step in the cracking process and these have been observed, but
the wide range of chlorides that cause cracking suggests that such mixtures
may not be necessary.

More recent work has focused attention upon the role of moisture. It is
not entirely clear that cracking does not occur in its complete absence, but
if it is present then it takes part in the corrosion process. Radiotracer techni-
ques have been used8 to show that hydrogen is retained in areas corroded at
3430C by salt containing tritiated water. Hydrochloric acid is considered to
be the important corrosion product which then promotes the entry of
hydrogen into the specimen with consequent intergranular separation by a
sorption mechanism8. To verify this hypothesis, stressed specimens of
Ti-SAl-IMo-IV were tested8 in glass ampoules containing hydrogen
chloride gas at 1 atm and 3430C. Cracking occurred and the time to failure
was related to the extent of corrosion which in turn was considered to be
dependent upon the moisture content. Cracking was both intergranular and
quasi-cleavage, and appeared similar to hot salt cracking.

The production of HCl and hydrogen is thought to arise from the reaction:

Ti + 2NaCl + 2H2O -> TiCl2 + 2NaOH + 2H

followed by several possible regenerative reactions which would occur at
different intervals of time as moisture was absorbed:

TiCl2 + 2H2O -> TiO2 + 2HCl + 2H
Ti + 2HCl -> TiCl2 + 2H

The proposed mechanism includes the production of HCl from the pyro-
hydrolysis of the metal chlorides. Similar reactions are likely for bromides
and iodides. Fluorides however are relatively stable and would not be
expected to hydrolyse. It was considered that this might account for the
inability of fluorides to cause cracking. Hydrogen absorption by titanium
alloys exposed to chloride salts at elevated temperatures has been detected9

and found to be proportional to the amount of moisture participating in the
reaction.

Other work on Ti-SAl-IMo-IV has also indicated10 that hydrogen
absorption occurs. Stressed specimens exposed to hot salt at 4540C for 100 h
suffered a marked embrittlement when subsequently tested in air at room
temperature. This embrittlement could be removed by vacuum annealing at
6490C for 4h. The loss of ductility observed was greater as the strain rate
of testing was lowered. Both these observations were considered to be
indicative that hydrogen was the principal embrittling species. Analysis of
the fracture surface of specimens containing 70 p.p.m. of hydrogen that had
suffered hot salt cracking has shown11 that concentrations as high as
12 000 p.p.m. of hydrogen are developed during the cracking process and



this would appear to be conclusive evidence that hydrogen plays a major role
when moisture is present. Cracking of components in dry air with a dewpoint
of -840C was intepreted12 as showing that only a very low moisture con-
tent is required (0.25 p.p.m.). Increasing this by 25 000 fold by water injec-
tion did not increase the degree of embrittlement.

Alloy susceptibility Apart from unalloyed titanium all alloys exhibit some
degree of susceptibility. An approximate rating derived from laboratory
tests13 indicates three general groups of alloys.

1. Highly susceptible alloys: Ti-5Al-2.5Sn, Ti-12Zr-7Al, Ti-5Al-5Sn-
5Zr, Ti-SAMMo-IV, Ti-8Mn.

2. Moderately susceptible alloys: Ti-5Al-5Sn-5Zr-lMo-lV, Ti-6Al-
4V, Ti-6Al-4V-2Sn, Ti-13V-11 Cr-BAl.

3. Most resistant alloys: Ti-4Al-3Mo-lV, Ti-llSn-5Zr-2.25Al-lMo-
0.25Si, Ti-4Mo-4Zr-2Al.

Tests in a Cl2 + O2 mixture at 4270C have shown14 that the worst
elements for promoting susceptibility are Al, Sn, Cu, V, Cr, Mn, Fe and Ni,
while the least harmful are Zr, Ta and Mo. a-phase alloys are generally more
susceptible than /3-phase alloys. Heat treatment has not been examined
extensively, but some heat treatments render some a-alloys more suscep-
tible3 or change the mode of fracture6. The general effect will depend upon
the alloy and the heat-treatment cycle. Subsequent cold work can sometimes
considerably lower susceptibility6. Failure times decrease as either the
testing temperature or initial stress value is raised.

It is important to note that a variety of tests have been employed in studies
of hot salt cracking and comparison between the results of different workers
is not always possible. It is not clear how susceptibility should be defined
and, not surprisingly this makes the rating of alloys difficult. It may also be
added that at high temperatures of testing, changes may occur within an
alloy which make it more or less susceptible than the alloy in the starting con-
dition. The general corrosion rate will increase as the testing temperature is
raised and will eventually become unacceptable. The creep rate will also
increase and in some alloys this is a more critical criterion than cracking
susceptibility.

Preventative methods Cracking can be delayed or possibly prevented by
shot peening components (which serves to impose compressive stresses upon
their surfaces) and by the prior application of some surface coatings, e.g.
nickel plating, or dipped aluminium or zinc coatings6. Other work4 has
shown that susceptibility of as-machined specimens is substantially lowered
by chemical milling which removes the stressed surface layers. It has also
been reported5 that the amount of corrosion that occurs is reduced and less
cracking is observed as the velocity of the gaseous environment in contact
with stressed components is increased. This is particularly relevant to com-
ponents inside aeroplane engines, e.g. compressor blades. Such observations
were made at 4270C. Other workers15 have reported similar observations at
3160C but not at 3710C and most recent work12 suggests that such effects
are extremely small.



Time to failure

Fig. 8.52 Initial stress intensity factor and time to failure for a susceptible titanium alloy tested
in a neutral aqueous environment under plane strain conditions

Room-temperature Cracking

Many titanium alloys are susceptible to stress-corrosion cracking in aqueous
and methanolic chloride environments.

Aqueous environments Neutral chloride solutions do not corrode titanium
alloys at ambient temperatures, and smooth statically loaded specimens of
susceptible alloys do not exhibit failure. In order to nucleate cracking it
appears probable that the protective oxide film on alloys must be destroyed
and its repair must not occur. If this breakdown occurs then cracking is
observed in susceptible alloys. Consequently, the type of test and the type
of specimen employed in any selected test are both important considerations,
particularly in alloys exhibiting low susceptibility.

Cracking in aqueous solutions was first observed in 1964 when trans-
granular cracking was found16 in Ti-7Al-2Nb-lTa alloy exposed to an
NaCl solution in the form of a pre-cracked notched specimen under canti-
lever load and plane strain conditions, and tested below the plane-strain frac-
ture toughness. Cracking proceeded until the initial stress intensity factor
AXocaVc) reached Klc and tensile overload failure occurred. A plot of
initial stress intensity factor K vs. time to failure tf took the form shown in
Fig. 8.52. The value of initial K below which cracking did not occur was
designated Klscc, which represented a threshold value. The ratio KISCC/KIC

was an indication of susceptibility, being small for highly susceptible alloys,
e.g. 0.2. Cracking occurs in aqueous solutions only in the presence of Cl~,
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Br and I , but not F , and failures in distilled water containing no detec-
table amounts of those species are thought to indicate that the concentra-
tions required are very small. It is possible that the Cl~ may come from the
metal itself since TiCl4 is formed during the refining of the basic metal.

Transgranular fracture in a-alloys occurs by cleavage on a plane 14-16°
to the basal plane17. The greatest susceptibility is observed in specimens in
which the general cracking plane is parallel to the basal planes, whereas the
minimum susceptibility occurs when it is perpendicular to the basal planes1.
The velocities of crack propagation observed, which range from 10~4 to 10
cm/min, are very dependent upon the environmental composition, the
specimen's potential, the instantaneous value of K and the mechanical pro-
perties of the matrix. Aluminium and oxygen additions produce suscep-
tibility in a-alloys. This has been associated18 with an increasing tendency
to develop co-planar arrays of dislocations which would result in localised
regions of high stress concentration. In Ti-SAl alloy heat treated in the
a + Oc2 range, considerable embrittlement is associated with fracture in air
along the same transgranular plane18. This suggests that the corrosion pro-
cess serves to initiate mechanical failure during stress-corrosion crack
propagation.

Mechanism The mechanism of cracking is not known. The mass-transport-
kinetic mechanism19 attempts to explain the phenomenon as occurring from
the result of a high concentration of Cl" ions at the tip of the crack which
results in the formation of a layer (or layers) of titanium chloride. This
initiates a cleavage crack in the alloy lattice under the influence of the acting
tensile component stress. The hydrogen embrittlement mechanism20 is con-
cerned with the discharge of hydrogen on unfilmed or lightly filmed surfaces
at the crack tip. The entry of hydrogen into the deforming volume of metal
in front of the tip results in a plastically induced slow-strain-rate hydrogen
embrittlement. The consequent loss of ductility is repeated grain by grain as
crack propagation continues. Irregular crack propagation has been detected
by acoustic emission21 and is indicated also by fractographic observations22.
Since the diffusivity of hydrogen is much smaller than the highest velocities
observed it has been postulated that cleavage once initiated in regions
embrittled by absorbed hydrogen may continue for mechanical reasons to
some depth beyond such regions. Consistent with this is the general observa-
tion that the highest velocities are observed in the stronger less-ductile alloys.

In neutral solutions the application of cathodic polarisation prevents
crack initiation and this could be taken to indicate that hydrogen embrittle-
ment is not the operative mechanism, since the discharge and entry of
hydrogen might be expected to fracture the specimen more readily. The
beneficial effect of cathodic polarisation has been interpreted23, however, to
result from more rapid film repair in the alkaline catholyte generated by the
cathode reaction. The film serves as a barrier to rapid hydrogen entry. Con-
sistent with this is the observation23 that in an environment of low pH (e.g.
10 N HCl) where film formation would not be expected, cathodic polarisa-
tion has no effect upon crack propagation.

Many workers have employed pre-cracked specimens in a number of con-
figurations that permit interchangeable data to be obtained from an analysis
derived with fracture mechanics. The pre-crack provides an ideal crevice for



corrosion reactions which, as a result of hydrolysis equilibria, lead to low pH
conditions (see Section 1.6). The pH at the tip of a crack in a titanium
specimen exposed to neutral solutions (pH 7) has been shown24 to fall to as
low as pH 1.8. Such environments will aid the necessary breakdown of the
protective film. In alloys that are not very susceptible the testing procedure
adopted may affect the results. Thus loading a specimen that is in contact
with the environment is a more severe test than one in which the specimen
is loaded and the environment then added. The difference arises from the
destruction of the passive film at the crack tip caused by the application of
the load. Fracture also occurs in flat unnotched specimens dynamically
strained over a narrow range of crosshead speeds while in contact with
neutral NaCl. Plastic deformation of the surface results in the destruction
of the passive film. At high strain rates ductile failure occurs before crack
propagation, while at low strain rates repassivation occurs and prevents
crack initiation25.

In pre-cracked specimens the degree of susceptibility decreases with
decreasing thickness in statically loaded specimens. It is probable that the
explanation for this is not entirely due to mechanical reasons, viz. the depart-
ure from plane strain conditions. The transition is dependent upon heat
treatment, loading rate, susceptibility and orientation1. An additional effect
may lie in the greater difficulty of establishing an occluded cell leading to pH
changes at a crack tip as the thickness of the specimen is decreased. Such
a cell is probably also prevented by many anions. Thus the addition of
CrO2I-, PO^" and F~, and many other species, reduces or prevents crack-
ing. Some cations more noble than titanium have a similar effect, e.g.
Cu2+.

Susceptibility to aqueous cracking occurs to different degrees. Some alloys
will break in moist air in the pre-cracked conditions, others require immer-
sion in distilled water, while others require immersion in water containing
appreciable amounts of dissolved halide. Different heat treatments may
produce these different levels of susceptibility in one alloy. The Ti-SAl-
IMo-I V alloy, for example, will fail in laboratory air in the step-cooled con-
dition, but requires immersion in distilled water in the mill-annealed condi-
tion and in 0.6 M KCl in the duplex annealed condition1. Heat treatment of
titanium alloys produces a variety of phase structures, morphology and com-
position, and the effects upon stress-corrosion susceptibility are complex26.
Generally, processes increasing the yield stress low Klc and KIBCC, while
ft processing is beneficial. In a-alloys ageing in the OL + Ct2 field raises sus-
ceptibility. In a + j8 alloys untempered martensitic structures are often
immune in neutral solutions. Where the /3-phase is immune, as has been
observed in some alloys containing Mo or V, the grain size, volume fraction
.and mean free path of the a-phase are all important. The same considera-
tions apply to a + j8 alloys where only the 0-phase is susceptible, e.g.
Ti-SMn. In /3-alloys transgranular cracking is also observed, e.g. in
Ti-ISV-I ICr-SAl, and has been described27 as arising from micro-void
formation on (100) planes. Where the /3-phase contains a fine Widmanstatten
a-phase precipitate and mode of cracking is one of intergranular separation.

Electrochemical aspects of the stress-corrosion behaviour have been
investigated, mainly in neutral solutions1. The open-circuit potential of
Ti-SAl-IMo-I V is -800 mV (vs. S.C.E.). The crack initiation load reaches



a minimum at — 50OmV in NaCl and OmV in NaI. Cathodic protection
occurs below — 100OmV. Anodic protection is observed in Cl" and Br"
solutions over a potential range that is very dependent upon strain rate and
heat treatment. A linear relationship is observed between velocity and poten-
tial over certain ranges of potential. The velocity is also increased by raising
the halide concentration of the testing environment. Raising the pH to high
values (13-14) may reduce or inhibit cracking depending upon the alloy, its
condition and the type of test employed. Lowering the pH results in the
apparent elimination of the threshold stress if the concentration of the
hydrochloric acid is high (> 7M)1.

Methanolic environments In methanolic environments stress-corrosion
fracture of a similar kind is seen in titanium alloys. In a-alloys transgranular
cleavage is observed20 and a wide range of velocities1. With additions of
HCl, however, an aditional type of fracture is seen in which intergranular
separation is seen resulting from a dissolution mechanism accompanied by
hydrogen pick-up by the lattice28. This aggressive behaviour is therefore
different from that observed in neutral aqueous or methanolic environments.
It is inhibited by water additions, the amount depending upon the concentra-
tion of HCl29. Unstressed specimens undergo intergranular attack under
open circuit conditions and this is accelerated by the application of anodic
polarisation23. Solution additions that stimulate the cathodic reaction
increase the rate of intergranular attack and thereby shorten times to failure,
e.g. Hg2+, Cu2+, Pd2+. The addition of H2SO4 and HCOOH also increases
attack, as do Br2 and I2

30. Raising the viscosity of the solution by additions
of glycerol increases the times to failure31.

In aggressive methanolic environments no ATISCC is observed. Instead very
slow intergranular fracture proceeds at an increasing velocity with increasing
values of K until it is superseded by the more rapid cleavage. Where the alloy
is not susceptible to cleavage the fracture will be intergranular up to overload
failure. The transition in a-alloys depends upon the aluminium and oxygen
content, and the degree of cold work25. No pre-cracking is required in
aggressive environments and in dynamic straining tests fracture occurs at all
crosshead speeds below a maximum, since repassivation is not possible25.
Additions of water will eventually remove this first stage, but not the second
unless the alloy is not susceptible to transgranular cleavage in distilled
water.

Impressed cathodic currents tend to prevent cracking, the current density
required increasing as the water content is lowered. Anodic currents
stimulate cracking and there is a linear relationship between velocity and
potential up to the pitting potential1. Exposure of stressed specimens to
aggressive methanolic environments followed by fracture in air results in
transgranular fractures similar to stress-corrosion fractures, indicating that
some species is absorbed from the environment22. This has been postulated
to be hydrogen as in aqueous environments22. This mechanism has not been
firmly established for either environment but there is an increasing amount
of evidence to support it. Thus the embrittlement of specimens exposed in
the unstressed condition to aggressive methanolic environments can be
removed by ageing so that subsequent fracture in air reveals no cleavage32.
In addition, notched specimens of Ti-Al alloys charged with hydrogen and



broken in laboratory air have been shown to cleave along the same plane as
the stress-corrosion fracture33.

Higher alcohols have not been investigated extensively but failures do
occur31. Other organic liquids cause transgranular fracture, e.g. CCl4,
C2H2I2 and a range of commercial Freons which are fully substituted halide
compounds1. Where these are not aggressive a Klscc is observed and it is
likely that a pre-crack or a dynamic test is required in order to produce stress-
corrosion fracture. In those compounds causing fracture which do not
appear to contain hydrogen, failure must be the result of residual moisture,
providing hydrogen is the species responsible for cracking, but this point has
not been established.

In both aqueous and organic environments the crack velocity is related to
the instantaneous stress intensity factor, as shown in Fig. 8.53. Three regions
may be observed: I, II and III. Regions I and III are not always observed and
the specific relationship observed depends upon the alloy composition and
heat treatment, the environmental composition and the experimental
conditions1.

Other environments Other environments have been shown to cause stress-
corrosion failure although the amount of work done on such failures has not
been large. High-purity red N2O4 caused failure of a Ti-6Al-4V pressure
vessel during testing34. Cracking could be prevented by additions of NO or
H2O, but not by additions of NOCl. Klscc decreases with increasing
temperature. Cracking is both intergranular and transgranular by cleavage
in Ti-Al alloys and occurs at a slower rate and at lower K values than in
neutral NaCl35. Cracking occurs at noble potentials and it seems unlikely
that hydrogen plays any part in the fracture. Very high crack densities are
sometimes observed (25/mm2). It is thought that fracture is associated with
film breakdown and/or the formation of a non-protective film by chemical
means:

Ti + N2O4 -> TiO(NO3J2 + NO+ + NO2 + e
(unprotective film)

2TiO (NO3) 2 -> 2TiO2 + 2N2O4 + O2

Commercial titanium and all alloys crack in red fuming HNO3 contain-
ing 20% NO2. Eliminating NO2 causes cracking in only some alloys while
the addition of 2% H2O removes susceptibility completely1. Molten salts
containing halides also cause stress corrosion36. Mixed chlorides and
bromides at 35O0C promote both intergranular and transgranular fracture
with maximum velocities as high as 7mm/s. Cracking is very dependent upon
both the temperature and the amount of halide present.

Some liquid metals have been observed to cause embrittlement in many
titanium alloys. In mercury, for example, Ti-SAl-IMo-IV exhibits both
intergranular and transgranular fracture36 with velocities as high as
lOcm/s. Heat treatment affects this behaviour in a manner similar to that
observed in aqueous and methanolic solutions. Some alloys are embrittled
by liquid cadmium and zinc. More surprising, perhaps, is the observed solid
metal embrittlement which has been found on titanium alloy components
coated with cadmium, silver or zinc37'38. Service failures of cadmium-plated
Ti-6Al-4V fasteners have been reported35, and cracking of this alloy and



Stress intensity factor K

Fig. 8.53 Relationship between instantaneous stress intensity factor and crack velocity for a
susceptible titanium alloy in 10 N HCl26. Activation energy for Stage I = 113 kJ/mol and for

Stage II = 20.9 kJ/mol

of Ti-SAl-IMo-IV has been produced in laboratory tests on coated
specimens in the temperature range 38-3160C38. While the mechanism of
such failures has not been established, cadmium has been detected on the
fracture surface and the fracture process appears similar to that occurring
in liquid metal embrittlement. Hydrogen is not thought to be an important
factor since such failures are observed in components coated both elec-
trolytically and by vapour deposition.

In addition to the failures in Cl2 and HCl already referred to, cracking
also occurs in hydrogen gas. Stressed Ti-Al alloys bombarded with low-
energy protons have failed in a manner similar to that observed in hot salt
cracking9. Other studies have shown that hydrogen gas can cause slow
crack growth in many titanium alloys resulting in fracture surfaces very
similar to those resulting from aqueous stress-corrosion failures39.
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Recent Developments

Nearly all the later work on titanium alloys has focused upon the role of
absorbed hydrogen in causing stress-corrosion crack propagation. Studies
of similarities between stress-corrosion fracture surfaces and fracture sur-
faces produced in hydrogen, residual hydrogen levels in fracture surfaces
and consideration of metallurgical events occurring ahead of the crack tip
have all contributed to a clearer understanding of the fracture process. In
one study of hot salt cracking, analysis of hydrogen in the fracture surface
was made40 and the conclusion was drawn that it was the species responsi-
ble for causing the fracture. There is not universal agreement on this point,
however. A study of Ti-SAl-IMo-IV alloy in a molten salt mixture of highly
purified LiCl/KCl at 3750C led to the conclusion that hydrogen was not
responsible for the cracking process41 since it was claimed that there was no
source of hydrogen in the mixture. Crack velocities in this mixture were very
much higher than those normally reported in hot salt cracking. The observed
fractures were similar to those observed in aqueous solutions at lower
temperatures and it was suggested that some other undetermined factor was
responsible for cracking under the two different exposure conditions41.

Several studies have contributed support to the hypothesis that absorbed
hydrogen causes stress-corrosion cracking at ambient temperatures. Reversi-
ble embrittlement experiments on a Ti-O alloy exposed to CH3OHXHCl
solution have shown clearly that an absorbed species is responsible for trans-
granular cleavage42. In dynamic strain-rate stress-corrosion tests additions
of Hg2+ increased the amount of cleavage occurring in fractures, whereas
additions of Pt2+ produced less cleavage. These effects were attributed to
the increased and decreased amount of hydrogen absorbed, respectively, as
a result of the additions. The fracture surfaces of specimens of a Ti-SAl-
IMo-IV alloy after stress-corrosion cracking and those of the same alloy
broken by slow strain-rate hydrogen-embrittlement (SSRHE) have been
shown to be virtually indistinguishable43.

Specimens broken in dry ultra-pure argon at various high crosshead speeds
have resulted in failures that were completely dimpled but such fractures
became increasingly brittle as the crosshead speed was lowered, an effect
seen previously44 and attributed to the presence of a small concentration of
internal residual hydrogen. In aqueous solutions and under SSRHE condi-
tions the resulting cleavage-like fractures were much more pronounced and
indistinguishable from each other. The discontinuous transgranular frac-
tures were accompanied by periodic acoustic emission signals45. Glancing
angle electron diffraction revealed the presence of an fee hydride phase on
the fracture surface. The propagation process was considered to consist of
the repeated formation and fracture of the hydride phase. Cracking occurred
on the {1017} plane, as had been previously reported by several workers
but, in addition, two specimens with a texture which had this plane tending
to lie parallel to the stress axis exhibited {100} fractures. Both these planes
are hydride habit planes46'47.

An analysis of loading mode effects has also provided evidence of the
critical role of hydrogen. A stress-intensity factor (K) can be achieved in
either a tensile loading mode (mode I) or a shearing mode (mode III)
(Section 8.9). Under mode I conditions the volume of metal immediately in
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Fig. 8.54 Susceptibility of Ti-SAl-IMo-IV to stress-corrosion cracking in 3.5% NaCl under
both tensile and torsional loading, corresponding to mode I and mode III, respectively. The

ordinate consists of the ratio of failure value in solution to failure value in air50

front of the crack is subjected to a high triaxial stress. This is not the case
for mode III conditions. Dissolved hydrogen atoms accumulate in regions of
high triaxial stress48. It has been argued49 that an alloy failing by stress-
corrosion cracking mainly as the result of absorbed hydrogen would exhibit
a markedly different susceptibility according to the loading mode employed.
Such a difference was observed on a high-strength steel, with no failure
occurring under mode III conditions49. Such an approach was used by
Green etal.50 who examined a Ti-SAl-IMo-IV alloy in 3% NaCl solution.
The results are shown in Fig. 8.54. Under potentiostatic conditions the alloy
was not susceptible to stress-corrosion cracking when tested under mode III
conditions. Under mode I conditions, however, the value of K in solution
was lower than the value in air, with the normalised ratio of the two falling to
around 0.7. As a further indication of the important role of hydrogen, the
addition of a cathodic poison, As, to the solution lowered the ratio of 0.6.
These two effects of loading mode and cathodic poison addition are readily
interpretable with respect to a hydrogen-embrittlement model of stress-
corrosion crack propagation.

Two additional points concerning the results shown in Fig. 8.54 can be
made. First, the authors argued50 that any cracking process in which the
main cause of propagation was the result of some form of anodic dissolution
would occur equally under either loading mode. Any difference in loading
mode behaviour would only be seen when hydrogen was the embrittling
species. In support of this proposed distinction the authors presented results
on the intergranular cracking of a-brass specimens in a concentrated ammo-
niacal solution which is considered to occur as the result of a dissolution
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mechanism. Specimens were found to be equally susceptible under both
loading modes of testing. Secondly, under open circuit conditions the corro-
sion potential of Ti-8Al-lMo-lV alloy was about -80OmV (SCE). If As
was added to the NaCl solution under those conditions no increased embrit-
tlement was observed since at that potential AsO2" ions will react with
water to form AsH3, arsine, which is a gas. No As atoms will adsorb on the
alloy and no eifect due to the addition of the poison will be observed. At
—50OmV (SCE) adsorption of As atoms on to the alloy surface will occur
and a poisoning effect is therefore observed. It may be added that As addi-
tions are inhibitive to the corrosion process, mainly because of it impeding
the hydrogen evolution reaction and, possibly, as a result of increasing the
solution pH, if added at sufficiently high concentrations.

Strain-rate effects have been examined by several authors. The stress-
corrosion crack velocity has been shown to be dependent upon the strain-
rate at the crack tip51. The Klscc value has been observed to be dependent
upon the loading rate for a Ti-6Al-6V-2Sn alloy in a 3.5% NaCl solu-
tion52. The value reached a minimum at an intermediate loading rate which
was considered to be indicative of hydrogen embrittlement through hydride
formation. The calculated strain rate was considered to correspond closely
to the theoretical minimum strain rate for hydrogen transport by disloca-
tions52. Intergranular fracture observed in region I of the velocity/^ curve
has been attributed to there being a low density of hydrogen-carrying dis-
locations which arose preferentially in grain boundary regions and gave rise
to grain boundary hydrides52. Intergranular fracture in commercial purity
Ti in a CH3OHXHCl mixture was attributed to absorbed hydrogen53.

The role of hydrogen in the stress-corrosion cracking of /3 alloys has not
been widely investigated. In Ti-13V-I ICr-BAl alloy cracking in aqueous
solutions at ambient temperatures occurs as a cleavage process on or close
to {100} planes54 as a discontinuous process55. In CH3OHXHCl solutions
reversible embrittlement experiments were interpreted as showing that cleav-
age was caused by absorbed hydrogen. Consistent with such an analysis,
AsO2" additions to the solution increased the amount of cleavage observed
after stress-corrosion tests, while Pt2+ additions resulted in much less cleav-
age. Hg2+ additions caused more cleavage and quinoline additions less.
These effects showed that the amount of cleavage observed was not related
to the corrosion rate. How hydrogen embrittlement occurs in the bcc 0
lattice has not been determined. Reversible embrittlement has also been
observed in the /3-III alloys without the formation of hydrides56 which was
also the conclusion drawn from work on a Ti-28Mo alloy.

The evidence for the role of hydrogen in many cases of stress-corrosion
cracking of Ti alloys is strong but it must be remembered that identical frac-
tures can be caused by liquid metal embrittlement in which hydrogen appears
to play no role and in other environments which are claimed to have no
hydrogen source. Since there is more than one species capable of promoting
the transgranular cleavage characteristically observed in a. alloys, where such
corrosion fractures are observed any analysis must seek to establish which
is the most rapidly acting embrittling species.



Magnesium

Stress-corrosion cracking occurs in magnesium alloys in aqueous environ-
ments at ambient temperatures. It is found mainly in wrought alloys,
although isolated examples of cracking in castings have been reported. The
major alloying element responsible for producing susceptibility is alumi-
nium. In practice failure commonly appears to arise from the action of
residual stresses.

Mechanism

The mechanism of stress-corrosion cracking in magnesium alloys has not
been fully elucidated, but many features have been observed. The role of the
electrolyte appears to lie in concentrating the corrosion attack in a relatively
small number of points resulting in pitting which often precedes cracking.
Where little or no pitting occurs cracking is only initiated if the value of the
stress is sufficiently high, probably causing rupture of the surface film by
plastic deformation of surface metal grains. In polycrystalline specimens the
threshold stress below which failure does not occur will be below the stress
values below this level, but in single crystals the yield point clearly must be
exceeded to produce plastic deformation and this has been observed to be
necessary for stress-corrosion cracking to occur57. In such environments the
capacity to repair ruptured films must not be too great otherwise this process
will occur in place of crack initiation. If environments are too aggressive then
widespread corrosion may occur in place of pitting and cracking. In labora-
tory tests mixtures of NaCl plus Na2Cr2O7 are commonly used to cause
cracking which is preceded by deep pitting; a common mixture consists of
3.5% NaCl plus 2% K2CrO4. The aggressive anion is important and crack-
ing is not confined to the Cl" ion. Thus in 1 N solutions it has been
observed58 that the rate of stress-corrosion cracking decreases according to:
Na2SO4 > NaNO3 > Na2CO3 > NaCl+ CH3COONa, whereas the rate of
corrosion of unstressed samples decreases according to: NaCl > Na2SO4>
NaNO3 > CH3COONa > Na2CO3. In NaCl plus K2CrO4 mixtures the rate of
cracking depends upon both the absolute concentration of each species and
their ratio. It has been established that KHF2 solutions also cause stress-
corrosion cracking. Little investigation of the action of this electrolyte has
been carried out, but since the F~ ion is an inhibitor for the corrosion of
magnesium at least part of the electrochemical explanation may lie in
inhibited film breakdown and repair kinetics. Thus cracking does not occur
in fluoride solutions above a certain limit of concentration. In non-fluoride
solutions stress-corrosion crack initiation is inhibited at pH values greater
than 10.259 and this is also probably related to the greater ease of film for-
mation that occurs in highly alkaline solutions on magnesium surfaces.
Under open-circuit conditions or the application of anodic polarisation, only
pitting is observed in unstressed specimens under all conditions of heat treat-
ment in environments that cause cracking in stressed specimens.

Cracking is generally observed to be transgranular, but this may change
depending upon the heat treatment, the grain size and possibly the environ-
mental pH. Thus in the Mg-6.5Al-lZn alloy transgranular cracking occurs



if specimens are water-quenched60'61, a process that produces a very fine
transgranular dispersion of FeAl which occurs as platelets62 that are
cathodic to the solid solution matrix. Cracking may include the dissolution
of material adjacent to the precipitates which may also be solute depleted.
In furnace-cooled material the same alloy exhibits intergranular cracking
and this may be associated with the grain boundary precipitate of Mg17Al12

which occurs during furnace cooling. This precipitate is also cathodic to the
matrix but the potential difference developed is lower than that between FeAl
and the matrix. This may be a partial electrochemical explanation for the
observation that as the iron content is increased the proportion of trans-
granular fracture also increases, even in furnace-cooled alloys63. Above a
grain size of about 0.03 mm cracking is transgranular irrespective of the heat
treatment employed. In two-phase alloys intergranular cracking occurs in
specimens aged at ^15O0C and transgranular cracking in specimens aged at
>150°C.

The path of transgranular cracking has not been clearly established and
it may vary from one alloy to another. It has been reported as following
crystallographic planes64, possibly the basal plane60, while others report
that no well-defined fracture plane can be discerned in large-grain-size
specimens65, that the crack occurs at a high angle to the basal plane57, and
that fracture occurs as cleavage along (0001), (1010) or (1011) depending
upon which plane is most nearly perpendicular to the operative tensile
stress66.

Cracking is considered to occur by a combination of dissolution and
mechanical fracture. It is not necessary therefore to account for the relatively
high propagation rates by anodic dissolution since this would require high
current densities, e.g. 0.6mm/min requires 14A/cm2. An anodic reaction
appears to be occurring during cracking, and cathodic protection prevents
crack initiation and arrests crack propagation. During cracking the tip is
active and hydrogen is evolved. Potential fluctuations have been detected67

in Mg-SAl alloys in KHF2 solutions although not in Mg-TAl alloys in
Cl-XCr2O

2" mixtures68. One explanation68* has been given for the
mechanical part of the fracture which is also indicated by fractographic
observations66'69'70 and by irregular specimen extension70. This is that
cleavage occurs on (3140) planes, as a result of hydrogen absorption. The
amount of current required to effect cathodic protection increases with
increasing stress on specimens.

A threshold stress below which cracking does not occur is observed in
some environments59'71. It is dependent upon the alloy composition and
heat treatment, and upon the testing environment. In 3°7o NaCl solutions it
is not well defined and this may arise from the pitting that occurs which can
be expected to lower the cross-sectional area locally and gradually raise the
effective stress acting across that region. Below the threshold stress, cracks
occur which do not propagate to sufficient length to cause complete fracture
of specimens69. The maximum length of crack observed /, is related to the
proof stress of the material a by the relationship a2/ = constant. Such
cracks have been observed in fatigue and corrosion fatigue72 and their den-
sity and length are very dependent upon the mechanical properties of the
alloy73. From this analysis emerges a description of alloys undergoing
pitting at low stress values, pitting and cracking without complete failure at



higher stress values up to the threshold level above which time to failure
decreases with increasing value of the initial stress69.

Alloy Susceptibility

Cracking is observed in commercial Mg-Al-Zn alloys in the range 3-10% Al
in which the ratio Al/Zn ^ 2, and susceptibility increases with increasing Al
content. For a given alloy increasing amounts of Fe increase suscepti-
bility67. Copper additions also appear to raise susceptibility58. It must be
emphasised, however, that Mg-Al alloys exhibit stress-corrosion suscep-
tibility even if manufactured from elements of the highest purity available.
Most aluminium-free alloys appear to be non-susceptible in most aqueous
environments, but KHF2 solutions appear to be able to cause failure in
most alloys including nominally pure magnesium metal in which failure is
intergranular. Thus Mg-Mn alloys, for example, are immune in NaCl plus
K2CrO4 solutions (unless additions of 0.5 Ce are made to the alloys) while
they exhibit cracking in KHF2 solution67. Mg-14Li alloys, which have a
b.c.c. structure, exhibit intergranular fracture in humid air although this can
be prevented by a stabilising treatment consisting of heating for 24 h at
1490C after quenching70. The Mg-3Zn-0.7Zr alloy has been reported67 to
fail in distilled water and KHF2 solution.

Preventative Methods

Stress relieving at low temperatures is commonly used to lower stress-
corrosion susceptibility in Mg alloys, e.g. 8 h at 1250C for Mg-6.5Al-lZn-
0.3Mn74, since higher temperatures tend to lower the yield point. Similar
treatments are advisable for welds which can be a source of high residual
stresses. Treatments designed to put the surface in a state of compressive
stress also tend to prolong stress-corrosion life. Shot peening, surface
rolling71 and abrasion all produce beneficial effects. Surface oxidation
followed by anodising is also reported75 to increase stress-corrosion life.
Susceptible alloys can be clad with non-susceptible Mg alloys, but where the
edge is exposed, wetting of both the alloy and clad layer is important in order
to achieve cathodic protection of the former. The replacement of susceptible
alloys with non-susceptible alloys or with alloys exhibiting less susceptibility,
can often be undertaken with little loss of mechanical properties. Refining
the grain size lowers susceptibility. Heat treatment produces changes in the
threshold stress76 and alterations in crack morphology as already described.

Aluminium

Stress-corrosion cracking occurs in certain aluminium alloys which have
been developed for medium and high strength by employing variations in
composition, cold work and heat treatment1'77'78. The main alloys are
based upon Al-Mg, Al-Mg and Al-Cu, but stress corrosion also occurs in
Al-Ag, Al-Cu-Mg, Al-Mg-Si, Al-Zn and Al-Cu-Mg-Zn alloys. It has



not been observed in pure aluminium. In alloys susceptibility appears to
increase as the amount of alloying addition that can be taken into a super-
saturated solid solution is raised. In ternary and higher element alloys
susceptibility is also influenced by the ratio of solute elements79. Small addi-
tions of Cr, Mn, Zr, Ti, V, Ni and Li can reduce the susceptibility of wrought
products in high-purity binary, ternary and quaternary alloys79'80. Stress-
corrosion cracking in castings is not common but it is found occasionally81.

The large majority of failures occur in aqueous environments and
therefore most attention has been focused upon them, but failure can
occur1 in N2O4, mineral oils, alcohols, hexane and mercury. It has not been
established whether failure in these environments is the result of residual
moisture. Failures in service arise often from the action of residual stresses
which can occur in components as a result of quenching followed by machin-
ing. The stress level required to initiate cracking is often very much below
the yield stress. Alloys brought to a high-strength condition are particularly
susceptible.

Mechanism

The mechanism of cracking in aluminium alloys has not been elucidated, but
many factors have been examined. Cracking is nearly always intergranular.
Stress-corrosion life is very dependent upon the grain shape and orientation
in relation to the acting stress. Stress-corrosion resistance is lowest in the
short transverse direction of wrought components since many grain boun-
daries are then lying orthogenally to the applied stress. Notice of such effects
is commonly taken in the design of components. In plane-strain tests a rela-
tionship between crack velocity and stress intensity factor is found1'82

similar to that shown in Fig. 8.53 for titanium alloys. A large number of
alloys exhibit only Stages I and II. Others exhibit Stage III and others two
'plateaus' or Stage II regions1. Results similar to those shown schematically
in Fig. 8.53 are also obtained. The crack velocity may vary over nine orders
of magnitude and determining Klscc can be difficult since too high a value
may be obtained if the velocity-detecting apparatus is not sufficiently sen-
sitive or the length of time of the experiment too short. It has been
suggested1 that Klscc might be defined as corresponding to a crack velocity
of 10'8CmXs.

In equiaxed specimens crack branching is observed in the region of Stage
II at a value of K about 1.4 times the K value at the lower end of the stage.
Since cracking occurs at low stress values it is not altogether surprising that
the precipitation of corrosion products within existing cracks can sometimes
exert relatively appreciable stresses which result in crack propagation.

The effect of environmental variables upon the logarithm of velocity vs.
K relationship has been examined1 for a few alloys in some conditions of
heat treatment. While it cannot be certain that similar results would be
obtained with all alloys, the results reported1'82 do show interesting features
that may have points in common with all alloys. For an Al-Zn-Mg-Cu alloy
(7075-T651) the stress-corrosion plateau velocity was a maximum in 5 M KI
solution under potentiostatic conditions at —52OmV (vs. S.C.E.), reaching
about 2 x 10~4 to 5 x 10~4cm/s, whereas in 3% NaCl under open-circuit



conditions the plateau velocity was about 10 6cm/s. Stage I in both cases
was the same. The plateau velocity was very sensitive to moisture and
depended linearly upon the water vapour of the testing environment1'82.
Crack propagation does not occur in argon or hydrogen unless moisture is
present83. Many alloys exhibit plateau velocities when tested in distilled
water that are similar to those observed in moist atmospheres. Additions of
Cl ~, Br" and I~ increase the plateau velocities observed in distilled water
by as much as 102 times under open-circuit conditions, but many other
anions have no effect upon the logarithm of velocity vs. AT relationship under
open-circuit conditions or over a wide range of potential values. In Cl",
Br~ and I" solutions the plateau velocity depends upon the halide concen-
tration for some alloys, e.g. the velocity increases with increasing iodide con-
centration above a certain minimum for 7079-T651, but this is not
universally true. In neutral solutions cathodic polarisation lowers the plateau
velocity while anodic polarisation increases it until pitting occurs. In strongly
acidic solutions the velocity is less sensitive to potential changes and no
cathodic protection is observed1. The pH value of the environment does not
appear to cause changes in the plateau velocity under open-circuit condi-
tions, but acidic conditions move Stage I to the left in Fig. 8.53 thus giving
rise to higher velocities for a given AT value. Such effects have been described
as indicating that the size of the cathodic zone within the crack where
hydrogen is released controls the rate of crack propagation84. Generally,
lowering the pH shortens the time to failure of specimens, an effect that will
include the influence of pH upon the initiation process. Under potentiostatic
conditions lowering the pH can cause appreciable increases in the plateau
velocity on the cathodic side.

Temperature effects indicate an activation energy of 113 kJ/mol for Stage
I and 16kJ/mol for Stage II in 7079-T651 alloy. Crack velocity in Stage II
is lowered as the solution viscosity is increased.

No mechanism for cracking in N2O4 has been established85. In organic
media crack velocities are similar to those obtained in distilled water. Lower-
ing the water content results in lower velocities. Not all authors attribute
failures in organic liquids to the residual moisture86. Furthermore, part of
the fracture may be transgranular86. Water additions to methanol increase
crack velocities as do halide additions. In oils velocities are similar to those
in organic liquids and distilled water.

Much of the extensive work on crack velocity described here has been
carried out over a long period by Spiedel1. Detailed studies of velocity-
dependent and velocity-independent parameters reveal how complex the
phenomenon is. The three major alloy systems will now be discussed.

AI-Mg (5000 Series) and Al-Mg-Si (6000 Series) In the binary alloy
system strength is obtained mainly by strain hardening. Stress corrosion is
thought to be associated with a continuous grain boundary film of Mg5Al8
which is anodic to the matrix87. Air cooling prevents the immediate forma-
tion of such precipitates, but they form slowly at ambient temperatures.
Thus only low Mg alloys are non-susceptible (Al-3% Mg). Widespread
precipitation arising from plastic deformation88 with carefully controlled
heat-treatment conditions can lower susceptibility. Al-SMg alloys of rela-
tively low susceptibility are subjected to such treatments. Mn and Cr



additions improve the stress-corrosion resistance of Al-6Mg and Al-TMg
alloys89. Mn increases the precipitation rate and both elements promote the
formation of elongated grains. Al-TMg alloys are usually very highly suscep-
tible, but a recent development1 indicates that an alloy of this kind can be
produced of low susceptibility.

Al-Mg-Si alloys are strengthened by precipitation hardening in which
Mg2Si is formed. They are not very susceptible to stress-corrosion
cracking77' ̂  which only occurs in specimens subjected to a high solution-
treatment temperature followed by a slow quench77. Ageing such material
eliminates susceptibility77.

Al-Cu and Al-Cu-Mg (2000 Series) These alloys are strengthened by
precipitation hardening. Under conditions of natural ageing these alloys are
highly susceptible to stress-corrosion cracking. Susceptibility is associated
with slow quench rates which also result in grain-boundary corrosion in
unstressed specimens, which is thought to arise from electrochemical effects
between CuAl2 and solute-depleted zones formed during quenching91.
Since thick-section material cannot be quenched rapidly quench-rate effects
determine the type of component that any particular alloy can be used to
make.

During artificial ageing susceptibility passes through a maximum just
before peak hardness is achieved. Similar changes occur in the potential
difference developed between grains and grain boundaries92. After further
ageing, precipitation of the equilibrium CuAl2 occurs within the grains and
the potential difference between grains and boundaries then disappears. A
recent test93 provides a rapid means of indicating susceptibility to inter-
granular attack and stress-corrosion cracking. The specimen's potential is
measured in a mixture of absolute methyl alcohol and carbon tetrachloride.
Corrosion of the grain boundary provides sites for deposition of dissolved
copper, whereas an absence of corrosion results in deposits of copper which
are non-adherent. The former develops a potential of about -30OmV (vs.
S.C.E.) whereas the latter develops a potential of about -UOOmV.

Al-Zn-Mg and Al-Zn-Mg-Cu (7000 Series) These alloys are strength-
ened by precipitation hardening. Cr, Mn and Zr additions produce elongated
grain shapes and inhibit grain growth. High-purity ternary alloys exhibit the
highest plateau velocities and although much research has been done on
them they are not used in practice. Commercial low-copper alloys are par-
ticularly susceptible, and although overageing is generally beneficial the
effects of such a treatment are less pronounced with these alloys. Artificial
ageing is beneficial but susceptibility in the short transverse remains trouble-
some77. Silver additions to the alloy are reported94 to improve stress-
corrosion resistance. The effect appears to arise from the stimulation of
precipitation processes which minimise the width of the precipitate-free zone
which arises either from vacancy or solute depletion during quenching.
Other workers find that silver gives no improvement either in strength or
stress-corrosion resistance77. An explanation for this difference appears to
lie in experimental procedures1. A general conclusion is that ageing
temperature and not chemical composition is the most important factor
governing short-transverse stress-corrosion resistance in these alloys95.



Recent developments, particularly in producing alloys suitable for thick sec-
tions, is reviewed by Spiedel1, together with the particular problems of
welding.

General

Much discussion of stress-corrosion cracking mechanisms in aluminium
alloys has been concerned with the development of anodic areas at grain
boundaries. The origin of such areas can be caused by the action of the stress,
and susceptible alloys do not necessarily suffer from intergranular corro-
sion in the absence of stress. Thus in some conditions Al-Mg-Si suffers from
intergranular corrosion, but not stress corrosion96, 7039-T64 suffers
from stress corrosion but not intergranular corrosion97, 7075-T651 suffers
from both, 7075-O from neither. The electrochemical effects may arise from
solute-depleted zones, precipitates anodic or cathodic to the adjacent matrix,
or from the rupture of films at the crack tip by plastic deformation. The effect
of relative humidity upon the plateau velocity suggests that there may not be
a volume of water at the crack tip1, a possibility which if established would
demand a careful re-examination of possible electrochemical reactions.

From a metallurgical viewpoint the effect of grain shape has been
described. On a microstructural level the precipitate-matrix interface pro-
perties appear to be important. In alloys of Al-6Zn-3Mg aged to peak hard-
ness, slip occurs in a relatively small number of bands which develop a high
density of dislocations. Overageing, which lowers susceptibility, results in
plastic deformation occurring in much more diffuse bands of dislocations98.
Grain-boundary precipitates are important both for electrochemical and
mechanical reasons and the precipitate-free zone width (as well as the solute-
depleted zone width) may also be important. The precise relative significance
of these three micro-structural features has not been fully ascertained and it
is a subject of a considerable discussion99"102. Much of this centres around
the role of preferential deformation in the precipitate-free zone resulting in
selective dissolution, a process that has not been demonstrated experimen-
tally. Selective corrosion of solute-depleted regions, hydrogen adsorption,
tensile-ligament dissolution and general adsorption have also been invoked
as major components of mechanistic processes1. There is evidence that
acidity develops within the region of the crack tip, a pH of 3.5 being
observed103 and the mass-transport-kinetics model104 appears to explain the
plateau velocity as being limited by the kinetics of halide-ion transport to the
crack tip. A number of workers105"107 have provided some evidence that
absorbed hydrogen may be at least partly responsible for cracking.

Preventative Methods

The importance of grain shape and the orientation of the applied stress to
the short transverse direction has already been pointed out. Overageing also
generally lowers strength and stress-corrosion susceptibility. Both the design
and manufacture of components are important. Quenched components
often have high internal tensile stresses and subsequent machining of such



pieces may result in surfaces that readily nucleate cracks. This possibility can
be removed by manufacturing components close to the final required size
before heat treatment.

Shot peening is a beneficial surface treatment since it puts the surface into
a state of compression and generally obscures the grain structure. Subse-
quent painting of the peened surface is often useful. If pitting occurs then
cracking can be expected in susceptible material when the attack penetrates
the depth of the compressed surface layer.

Paint coatings can be effective in preventing stress corrosion but it is not
always a simple matter to produce and maintain a perfect complete coverage.
Galvanic coatings based upon electroplated layers or metal pigmented
paints, are commonly used. Such layers do not need to be perfect, but the
protection afforded to breaks (or 'holidays') will depend very much upon the
localised electrochemical conditions. Metal spraying is also employed and
for highly susceptible alloys a thin cladding sheet of aluminium is employed,
either on one or both sides. These clad composites are employed for general
corrosion resistance and not merely to combat stress corrosion. Anodising
is generally not recommended. Cathodic protection is effective but is often
not practicable.

Recent Developments

Later work on aluminium alloys has also focused more closely upon the
role of hydrogen which had not previously been widely considered as an
embrittling species in the stress-corrosion cracking process for these alloys.
The idea was not new, however. Reports of intergranular failure under
cathodic charging conditions had been made at a much earlier time108'109. A
reduction in stress-corrosion life and alloy ductility in a high purity Al-5Zn-
3Mg alloy had been found in specimens pre-exposed to a 2% NaCl solu-
tion110, an effect that was accentuated if specimens were stressed111.

In more recent work embrittlement in water vapour-saturated air and in
various aqueous solutions has been systematically examined together with
the influence of strain rate, alloy composition and loading mode, all in con-
junction with various metallographic techniques. The general conclusion is
that stress-corrosion crack propagation in aluminium alloys under open cir-
cuit conditions is mainly caused by hydrogen embrittlement, but that there
is a component of the fracture process that is caused by dissolution. The
relative importance of these two processes may well vary between alloys of
different composition or even between specimens of an alloy that have been
heat treated differently.

The role of humid air has been examined in the embrittlement both of
high-purity Al-Zn-Mg alloys and also for a few commercial composi-
tions112"114. Loss of ductility in unstressed specimens is a reversible pro-
cess110. Such an effect, when observed, is readily attributable to absorbed
hydrogen. In unstressed specimens hydrogen must enter through the
unbroken surface film either in an atomic or a protonated form. The
thickness, composition and morphology of surface films are all likely to be
important factors controlling the rate of hydrogen or hydrogen ion entry.
This point was emphasised at an early stage when it was observed that



solution heat treatment of a high-purity Al-6Zn-3Mg alloy in the tempera-
ture range 450-50O0C resulted in an increased sensitisation to pre-exposure
embrittlement112. The change in sensitisation could be correlated with the
formation of crystalline MgO which occurred preferentially at alloy grain
boundaries. It appeared that MgO crystallites facilitate the entry of
hydrogen into the alloy grain boundaries112. Oxide thickening resulted in a
reduced rate of embrittlement at room temperature. In much subsequent
work a lot of attention has been focused upon the presence of Mg in
precipitate-free grain boundaries and its possible role in pre-exposure
embrittlement and the stress-corrosion process115"121. The retention of this
segregation after precipitation has been much discussed122'123. High tem-
perature solution heat treatment, slow quenching and over ageing may
reduce the level of segregated Mg and thereby reduce the hydrogen entry
rate. This would account for the beneficial effects that these procedures have
upon the stress-corrosion resistance of Mg-containing alloys.

Alloying effects were also examined in this study112. Additions of 1.7Cu
or 0.14Cr to the high-purity alloy reduced the rate of embrittlement. The
chromium-containing alloy and a commercial 7075 alloy both recovered
their ductility after exposure to water vapour-saturated air at 2O0C unlike the
high-purity alloy. The effect of chromium is shown in Fig. 8.55. The high-
purity alloy did not recover its ductility in dry air or after storage for 12 h
at 680C in a vacuum of 10~7 torr. The 7075 recovered ductility a little
more rapidly than the chromium-containing alloy.

The presence of hydrogen in pre-exposed specimens was revealed by
straining specimens in vacuo. Hydrogen evolution occurred in the elastic
region of the stress/strain curve, an effect that had been shown to be very
much reduced by electropolishing pre-exposed specimens prior to testing134,

Pre-exposure time, d

Fig. 8.55 The effect of a 0.14Cr addition on the recovery of ductility of Al-6Zn-3Mg alloys
during storage in laboratory air at 2O0C after pre-exposure to water vapour-saturated air for
5 days at 7O0C. The ductility ratio is the ratio of elongation-to-fracture of specimens broken

under the cited conditions and under vacuum conditions112
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but which had no effect upon the measured ductily. During the plastic strain-
ing and at the point of fracture hydrogen evolution from pre-exposed speci-
mens was detected124.

The embrittlement caused to aluminium alloys by pre-exposure to moist
atmospheres or stress-corrosion environments is thought to be due to hydro-
gen in the atomic form. Intergranular bubbles of hydrogen, formed in asso-
ciation with certain precipitates, have been observed by HV TEM112'125 and
are associated with a lowered degree of embrittlement. Increased resistance
to stress-corrosion cracking in Al-Zn-Mg alloys resulted in an increased
propensity for hydrogen trapping and a decrease in the permeation rate of
hydrogen through unstressed alloy membranes126. The ability to trap
hydrogen as innocuous bubbles improves the embrittlement resistance of Al
alloys127. Thus it appears that fracture occurs by hydrogen-induced grain
boundary decohesion once all available sites for hydrogen trapping are
saturated. High purity Al-Zn-Mg alloys have relatively few sites and there-
fore embrittle readily. Alloying additions to these alloys and commercial
alloys in general result in microstructures that have a much higher density
of potential trapping sites for hydrogen.

The mechanism of hydrogen embrittlement of aluminium alloys has
not been established. Experiments on a high purity Al-5.6Zn-2.6Mg alloy
hydrogenated by exposure to water vapour saturated in air at 7O0C indi-
cated that internal hydrogen embrittlement occurs by the formation and
rupture of a hydride phase at grain boundaries128. Electron diffraction
revealed a very thin layer of AlH3 (~l/*m thick), formed probably as the
result of a stress-induced mechanism. Two stages of embrittlement were
noted: stage I, in which the diffusion of hydrogen into the region ahead of
the advancing crack tip was necessary to provide a sufficient concentration
of hydrogen to produce AlH3; and stage II, in which sufficient hydrogen
was already present at the grain boundaries to form AlH3 and hydrogen
diffusion during stressing was not therefore required. Such a distinction
explains both the strong dependence of stage I upon strain rate, stage I
extending as the strain rate is lowered, and the absence of any strain-rate
dependency in stage II. In one interrupted stress-corrosion test in a NaCl
solution a thin layer on the fracture surface at the intergranular/dimple tran-
sition region was observed, although no diffraction pattern was obtained.
The authors noted that the stress-corrosion fracture surfaces frequently do
not show such a layer. They recognised that stress-corrosion cracks may pro-
pagate by a competing and basically different mechanism128.

Fractographically, failure has been seen to occur discontinuously129"131,
an observation interpreted as being the result of repeated pre-exposure
embrittlement. Matched arrest markings have been seen in specimens broken
by stress-corrosion in chloride solutions, in water and in some service
failures131. For the two alloys examined, 7071 and 7179, the average stria-
tion spacing was not a strong function of the applied stress intensity factor.
Acoustic emission also indicated that cracking was discontinuous132. The
striation results are in agreement with observations that the effect of stress
intensity on stress-corrosion crack propagation in Al-Zn-Mg alloys by the
hydrogen-embrittlement mechanism appears to increase the rate of crack
jumping rather than to alter the magnitude of the crack advance132. If the
number of available trap sites for the embrittling hydrogen atoms is fixed by
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Fig. 8.56 Susceptibility of 7075-T6 Al alloy to stress-corrosion cracking in 3.5% NaCl + 3%
K2Cr2O7 under both tensile and torsional loading50

the alloy composition and its thermal history then the stress operating across
the grain boundary must affect the grain boundary diffusion rate such that
all the available trap sites are saturated more rapidly and brittle grain boun-
dary failure can be induced by any further accumulation of hydrogen atoms.
In this way the kinetics of pre-exposure embrittlement are accelerated by
applied stress111.

The role of loading mode on the stress-corrosion cracking of an Al alloy
has been examined with a 7075 alloy in the T6 condition50 and for 5083133,
with similar results. Figure 8.56 shows results obtained with the 7075
alloy50. In the tension test the alloy was more susceptible to cracking than
in the torsion test. Unlike Fig. 8.54 for a titanium alloy, however, some
cracking did occur under the torsion mode of testing which indicated that
cracking occurs both by hydrogen embrittlement and by dissolution with the
first factor being more important. In the tension mode the addition of the
cathodic poison, As, resulted in more rapid failure, a result entirely consis-
tent with a hydrogen-embrittlement mechanism. The beneficial effect of the
As addition in the torsion mode was probably the result of an inhibitive effect
upon the dissolution reaction.

The role of the stress in embrittlement and stress-corrosion processes
has been examined in some detail by employing the slow strain-rate tech-
nique134'135. Specimens of alloy 7179-T651 tested in air or in vacuum after
pre-exposure to water at 7O0C or in water at various potentials at ambient
temperature exhibited a reversible embrittlement in excess of that arising
from testing in moist air134. The embrittlement was attributed to hydrogen
absorption, and recovery was thought to be due to loss of hydrogen (partic-
ularly under vacuum) or to diffusion to traps. Potentiostatic tests revealed
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two potential regions of embrittlement corresponding to one cathodic and
one anodic to the open circuit potential. Specimens of alloy 7049-T651 also
exhibited a reversible pre-exposure at low strain-rates, with the critical
strain-rate decreasing in less aggressive environments135. Recovery from
pre-exposure embrittlement was only observed when specimens were subse-
quently strained in an inert environment. In laboratory air or seawater
pre-exposure and subsequent strain-rate effects were additive. Potentiostatic
tests revealed, as with alloy 7179, that there were two potential regions of
embrittlement. Fractography and overageing effects both indicated that
the major embrittling species at the free corrosion potential was hydrogen
embrittlement. It appeared that hydrogen absorption led first to trans-
granular fracture and then to intergranular fracture, with the transition
occurring at lower local hydrogen concentrations as the strain rate was
decreased. Similar results and conclusions were drawn from experiments
on Al-6Zn-3Mg, Al-6Zn-3Mg-1.7Cu and Al-6Zn-3Mg-0.14Cr alloys pre-
exposed in the solution-treated condition to moist vapour at 1150C136.

In addition to examining pre-exposure effects, the slow strain-rate testing
technique has been used increasingly to examine and compare the stress-
corrosion susceptibility of aluminium alloys of various compositions, heat
treatments and forms. A recent extensive review137 draws attention to
differences in response to the various groups of commonly employed alloys
which are summarised in Fig. 8.57. The most effective test environment was
found to be 3% NaCl + 0.3% H2O2. The most useful strain rate depends
upon the alloy classification.

The susceptibility of Al-Li alloys to stress-corrosion cracking has been

Approx test duration

Nominal strain rate (s~1)

Fig. 8.57 Strain rate regimes for studying stress corrosion cracking of 2 000, 5 000 and 7 000
series alloys137. The ductility ratio is the ratio of elongation-to-fracture or reduction in area

measured in solution to that measured in a control environment
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examined to a limited extent138. In alternate immersion crack initiation test-
ing the alloys are less susceptible than the extensively used aerospace alloys.
Restricted geometry conditions and thin-film de-aerated electrolyte condi-
tions promote cracking, however, probably as a result of making the neces-
sary development of alkaline crack-tip conditions occur more readily. The
pH at the crack tip in these alloys is about 9 and is controlled by the Li+

concentration138. A reversible embrittlement effect has been detected in
these alloys thereby suggesting a possible role for absorbed hydrogen in the
cracking process. Susceptibility to stress-corrosion cracking is highly depen-
dent upon the Cu content of Al-Li-Mg alloys containing 2-2.5Li and
0-0.6Mg. Crack initiation in plane specimens did not occur in the absence
of Cu. Restricted specimen geometry and thin film electrolyte conditions
promoted cracking even in Cu-free alloys. In Al-Li and Al-Li-Zr alloys
crack initiation did not occur in plane specimens138. In DCB specimens,
however, crack propagation occurred from notches in a 95% environment
at 4O0C. Cracking in an Al-2.8Li under alternate immersion conditions has
also been reported139.

J. C. SCULLY
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