
20.4 Outline of Structural Metallurgy
Relevant to Corrosion

The corrosion of metals invariably involves some kind of interaction
between a metal and its environment, and in many cases the corrosion (loca-
tion, form and rate) is significantly affected or even caused by some struc-
tural feature of the metal. It is essential, therefore, for the corrosion engineer
to have some appreciation of the structure of metals, and an elementary
survey is provided in this section which provides a basis for an account of
metal structure in relation to corrosion that is the subject of Section 1.3.

This section will consider first the structure of pure metals and this will be
followed by a description of the structure of alloys. In general, structural
features will be discussed in order of increasing size, i.e. starting with atomic
features and continuing through microscopic features to macroscopic
features.

Structure of Pure Metals

A crystal may be defined as an orderly three-dimensional array of atoms,
and all metals are aggregates of more or less imperfect crystals. In consider-
ing the structure of metals, therefore, it is convenient to start with the
arrangement of atoms in a perfect metal crystal and then to proceed to the
imperfections which are always present in the crystal structure.

Although there are many different crystal structures, some of which are
rather complicated, most common metals fortunately have one of three,
relatively simple structures: face-centred cubic (f.c.c.), close-packed hexa-
gonal (c.p.h.) and body-centred cubic (b.c.c.). The unit cell (i.e. the smallest
group of atoms possessing the symmetry of the crystal and which, when
repeated in all directions, develops the crystal lattice) of each of these metal-
lurgically common and important crystal structures is illustrated in Fig.
20.25; the crystal structure of each of the more important metals is given in
Table 20.5. It is clear from this table that the crystal structures of some
metals change with temperature, i.e. these metals are polymorphic, and this
phenomenon is of very great practical significance, particularly in the case
of iron, as will become apparent later.

The atoms in a metal crystal can often be satisfactorily regarded as
hard spheres of radius about 10~10m. A sheet of such hard balls can be



Table 20.5 Crystal structure of the more important metals

Metal

Alkali metals
Aluminium
Beryllium
Cadmium
Chromium
Cobalt

Copper
Gold
Iron

Lead
Magnesium
Manganese
Molybdenum
Nickel
Platinum
Silver
Tin
Titanium

Tungsten
Vanadium
Zinc
Zirconium

Temperature (K)

Ambient to m.p
Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below 690

690 to m.p.
Below m.p.
Below m.p.
Below 1 180

1 180-1 665
1 665 to m.p.

Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below m.p.
Below 1 155

1 155 to m.p.
Below m.p.
Below m.p.
Below m.p.
Below 1 135

1 135 to m.p.

Crystal structure

b.c.c.
f.c.c.
c.p.h.
c.p.h.
b.c.c.
c.p.h.
f.c.c.
f.c.c.
f.c.c.
b.c.c.
f.c.c.
b.c.c.
f.c.c.
c.p.h.
Four complex structures
b.c.c.
f.c.c.
f.c.c.
f.c.c.
Two complex structures
c.p.h.
b.c.c.
b.c.c.
b.c.c.
c.p.h.
c.p.h.
b.c.c.

most densely and closely packed together in the configuration shown in Fig.
20.260; such sheets or layers of atoms are therefore known as close-packed
planes. Similarly, the directions arrowed in Fig. 20.260 are referred to as
close-packed directions. Close-packed hexagonal and face-centred cubic
crystal structures can be built up by stacking close-packed planes on top of
each other in the correct sequence. Consider a sheet of eight close-packed
atoms, designated by the full circles a in Fig. 20.266; as shown, a second
layer of four close-packed atoms, designated by the dotted circles ft, may be
laid on top of the first plane. Each of the b atoms 'sits' in one of the natural
'valleys' which occur between any three contiguous a atoms. There are now
two such low-energy valleys in the plane of b atoms, one of which is
immediately above an a atom and one of which is not (Fig. 20.266). An atom
placed in the former results in an aba stacking of three close-packed planes,
while an atom placed in the latter would result in a be stacking. Stacking
abababab, etc. develops the c.p.h. crystal structure while stacking abcab-
cabc, etc. develops the f.c.c. crystal structure. The b.c.c. crystal structure
cannot be built up by stacking close-packed planes on top of each other.

In the f.c.c. and c.p.h. crystal structures, each atom has 12 nearest neigh-
bours and is therefore said to have a co-ordination number of 12. In the non-
closed-packed b.c.c. structure, on the other hand the co-ordination number
is only 8. In the f.c.c. structure the four octahedral {111}* planes are close
* An account of the use of Miller indices to describe crystal planes and lattice directions is beyond
the scope of this article; a very adequate treatment of this topic is, however, given in Reference 1 .



Fig. 20.26 (a) Single close-packed sheet of atoms, with the close-packed directions arrowed
and (b) stacking of three close-packed planes of atoms, showing aba and abc positions

packed, while the < 110) directions are close packed. In the c.p.h. structure
on the other hand, there is only one close-packed plane, the (0001) basal
plane; the < 1120) directions are close packed. The different number of close-
packed planes in f .c.c. and c.p.h. crystals results in the very different plastic
deformation characteristics of metals with the two structures. In the b.c.c.
structure, the < 111 > directions are close packed, but there are no truly close-

= Atomic sites

Fig. 20.25 Unit cells of (a) the face-centred
cubic (f.c.c.), (b) the close-packed hexagonal
(c.p.h.) and (c) the body-centred cubic (b.c.c.)

crystal structures



packed planes of the type shown in Fig. 20.26a; the planes of closest packing,
however, are (110).

In any crystal structure, the close-packed or closest-packed planes are
the lowest energy planes. On all other planes, the density of atoms is lower,
and the interatomic distance and the energy of the plane are greater. Con-
trary to intuitive expectations, the diameter of the largest holes or interstices
between atoms in the close-packed f.c.c. structure is considerably greater
than the diameter of the largest interstices between atoms in the non-close-
packed b.c.c. structure.

Point Defects in Crystals

The smallest imperfections in metal crystals are point defects, in particular
vacant lattice sites (vacancies) and interstitial atoms. As illustrated in Fig.
20.2Ia9 a vacancy occurs where an atom is missing from the crystal structure

Fig. 20.27 (a) Schematic illustration of two types of point defect and (b) three stages in diffu-
sion by the motion of a vacancy through a crystal

Vacancy Interstitial atom



while an interstitial occurs when an extra atom is inserted in an interstitial
site (an interstice). Vacancies and interstitials are equilibrium defects since
although vacancies (and interstitials) increase the internal energy of a crystal
they also increase the entropy, so the free energy of a perfect crystal is
reduced by the presence of a number of point defects. The equilibrium
vacancy concentration increases exponentially with temperature and typi-
cally in copper at room temperature one site in 1014'15 may be vacant, while
at 130OK, one site in 103"4 will be vacant (equivalent to 1017"18 vacancies per
cubic millimetre). The internal energy associated with an interstitial is much
greater than that associated with a vacancy; the concentration of interstitial
atoms at any temperature is correspondingly very much lower than that of
vacant atomic sites. Radiation damage, however, introduces many inter-
stitials. Often a vacancy and an interstitial will be associated as a pair.

The practical importance of vacancies is that they are mobile and, at
elevated temperatures, can move relatively easily through the crystal lattice.
As illustrated in Fig. 20.276, this is accompanied by movement of an atom
in the opposite direction; indeed, the existence of vacancies was originally
postulated to explain solid-state diffusion in metals. In order to 'jump* into
a vacancy an adjacent atom must overcome an energy barrier. The energy
required for this is supplied by thermal vibrations. Thus the diffusion rate
in metals increases exponentially with temperature, not only because the
vacancy concentration increases with temperature, but also because there is
more thermal energy available to overcome the activation energy required for
each 'jump' in the diffusion process.

Stacking Faults and Twins

In certain close-packed metals and alloys there are errors in the sequence of
stacking of the close-packed planes. Thus, for example, the sequence of
planes in a c.p.h. metal might be ... abababcaba . . ., in which the region
in italics is termed a stacking fault and represents a small volume of f.c.c.
material in the c.p.h. structure. Stacking faults have an energy that is higher
than that of the perfect crystal structure; however the value of the stacking-
fault energy varies very widely between different metals and alloys. Stacking
faults are readily visible in thin-foil transmission electron micrographs, as
illustrated in Fig. 20.28 (top).

Twins are a somewhat similar form of defect. In certain metals, adjacent
areas of crystal bear a mirror-image orientation relationship to each other
across the twin boundary, as illustrated schematically in Fig. 20.29. The twin
boundaries, like stacking faults, have a somewhat higher energy than the
surrounding perfect crystal structure. Twins arise during the annealing of
cold-worked f.c.c. material, during the room-temperature deformation of
c.p.h. materials, and during the low-temperature (or shock) deformation of
b.c.c. materials. Twins are often readily apparent on metallographic sections
at relatively low magnifications, as shown in Fig. 20.28 (bottom).



Fig. 20.28 (top) Transmission electronmicrograph showing a stacking fault and isolation dis-
locations in a stainless steel (x 70 000, courtesy I. Brough) and (bottom) light micrograph show-
ing an equiaxed grain structure and twins in an annealed 70/30 brass (x 200, courtesy M. Islam)



Twinned crystal Twin boundary

Fig. 20.29 Twinned crystal

Line Defects

Point defects, stacking faults and twins are crystalline imperfections which
basically involve misalignment of single atoms or of a single plane of atoms.
Line defects, or dislocations, are somewhat larger-scale imperfections
involving misalignment along a line of atoms. Dislocations are extremely
important defects, in that the dislocation density and dislocation interactions

Fig. 20.30 (a) Atomic arrangement around
an edge dislocation, (b) shear required in a
homogeneous solid to produce a screw dis-
location and (c) atomic arrangement around a

screw dislocation



control to a very large extent the mechanical properties, and in particular the
strength and ductility, of metals.

The simplest type of line defect is the edge dislocation, which consists of
an extra half plane of atoms in the crystal, as illustrated schematically in
Fig. 20.3Oa; edge dislocations are often denoted by 1 if the extra half plane
ab is above the plane sp, or by T if it is below.

The second type of line defect is the screw dislocation, which is rather less
easy to visualise. Consider, however, a block of material, half of which is
sheared one interatomic distance with respect to the other half, as shown in
Fig. 20.306. The line erf then constitutes a screw dislocation; the arrangement
of atoms around a screw dislocation is shown in Fig. 20.3Oc.

To a good approximation, only atoms within the dotted circles in Figs.
20.3Oa and b are displaced from their equilibrium position; in a real, three-
dimensional crystal the diameter rf of these circles would be very much less
than the length /of the dislocation, i.e. the length, perpendicular to the page,
of the extra half plane of atoms ab in Fig. 20.3Oa, or of the line erf in Fig.
20.306. Dislocations strictly, therefore, are cylindrical defects of diameter rf
and length /; however, since / » rf they are referred to as line defects.

Movement and Interaction of Dislocations

As with vacancies, the importance of dislocations derives from the fact that
they are readily mobile, in this case under the influence of applied stresses.
Figures 20.3Ia to e illustrate the slip or glide of an edge dislocation through

Fig. 20.31 Three stages in plastic deformation by the motion of an edge dislocation through
a crystal



a crystal under the influence of a shear stress. The atom a in Fig. 20.3Ia
moves, under the influence of the applied stress, to position a' in Fig. 20.3Ib
and the extra half plane of atoms shifts one atomic distance to the left, from
plane y to plane x. As this process continues, the dislocation moves right
through the crystal, the final result, shown in Fig. 20.3Ic, being that the
crystal is sheared or slipped by one interatomic distance across the slip plane
sp. Each step in the movement of the dislocation (i.e. from Fig. 20.3Ia to
b) clearly requires only a slight rearrangement of the atoms around the bot-
tom of the extra half plane, and is therefore a low energy process; disloca-
tions are therefore readily mobile under low applied stresses. On the other
hand, to produce the slip shown in Fig. 20.31c from a perfect dislocation-free
crystal would be a very-high-energy process requiring very high stresses. The
difference between these two modes of slip is that in the latter all the bonds
on the slip plane are broken at the same time, whilst in the former they are
broken one at a time. The existence of dislocations was in fact postulated,
long before they were observed, to account for the observation that the yield
stress of metals is very much lower than that predicted by theoretical calcula-
tions. It is important to note that the crystal structure, after passage of a dis-
location, is perfect and in no way misaligned. From Fig. 20.32 it is clear that
the dislocation line is merely the boundary between slipped and unslipped
crystal. The magnitude and direction of the slip is given by what is known
as the Burgers vector, in a screw dislocation the Burgers vector is parallel to
the line of the dislocation while in an edge dislocation it is perpendicular to
it. In real crystals, dislocation lines are not straight, but are usually bowed
or curved. As illustrated schematically in Fig. 20.32, such dislocations are
mixed, being part screw and part edge. Slip occurs on the plane containing
both the Burgers vector and the line of the dislocation. In practice, it is
observed that metals slip most easily on close-packed planes and in close-
packed directions, i.e. {111} and < 110) in f.c.c. metals and usually {0001}
and <1120> in c.p.h. metals. Since f.c.c. crystals have four close-packed
{111) planes they are generally much more ductile than c.p.h. crystals, which
have only one {0001) close-packed plane. In b.c.c. metals, slip occurs in

Fig. 20.32 Schematic illustration of a mixed dislocation as the boundary between slipped and
unslipped crystal. The arrow shows the Burgers vector

Unslipped crystal

Pure screw

dislocation

Pure edge

dislocation

Slipped crystal



<111> directions on a variety of planes. The movement of dislocations by
other mechanisms, in particular by cross-slip and climb, is beyond the scope
of this section.

All real metals contain dislocations; even a well-annealed metal would
typically contain 104"6 dislocations per square millimetre, while a heavily
cold-worked metal could contain up to 1010/mm2. At first sight this is an
anomaly; dislocations were postulated to account for the low yield strength
of metals, and whereas an annealed material with a low dislocation density
is weak, a cold-worked metal with a high dislocation density is strong. The
answer lies in the fact that when the dislocation density is low, the disloca-
tions are generally too far apart to interact with each other very often and
are more free to move under the influence of a low applied stress. On the

Fig. 20.33 (top) Transmission electronmicrograph showing dislocation tangles associated with
precipitates in an Al-Cu-Mg-Si alloy (x 24 000, courtesy S. Blain) and (bottom) light micro-

graph showing slip lines in pure lead (x 100)



other hand, when the dislocation density is high, the dislocations do interact
and they become tangled up with each other; dislocation motion is then
difficult and the material is therefore strong. The interaction of dislocations
with each other and with other structural features in metals is a very complex
field; it is also, however, extremely important, since it greatly affects the
strength of metals.

The atomic bonds in a cylinder of material around dislocations are elastic-
ally stretched; dislocations, like other crystalline defects, are therefore high-
energy regions.

Dislocations are readily visible in thin-film transmission electron micro-
graphs, as shown in Figs. 20.28 (top) and 20.33 (top). The slip step (Fig.
20.3Ic) produced by the passage of a single dislocation is not readily appa-
rent. However, for a variety of reasons, a large number of dislocations often
move on the same slip plane or on bands of closely adjacent slip planes; this
results in slip steps which are very easily seen in the light microscope, as
shown by the slip lines in Fig. 20.33 (bottom).

Polycrysta/line Metals: Grains and Grain Boundaries

So far we have regarded metals as single crystals; in fact most metals, in prac-
tice, are polycrystalline and consist of a number of crystals or grains. In a
pure metal each grain will have the same crystal structure and will contain
vacancies, dislocations, etc. but the crystallographic orientation of each
grain will be different; in other words, in a polycrystalline metal the [111]
crystallographic direction of each grain (for example) will be pointing in a
different spatial direction. Typically the diameter of the grains in a coarse-

Fig. 20.34 Light micrograph showing the highly elongated grain structure of a commercial
wrought high-strength precipitation-hardening Al-Zn-Mg-Cu alloy (x 40, section perpendicu-

lar to the long transverse direction)



grained material might be about 0-5 mm, while that in a fine-grained metal
might be about 0-005 mm. However, in certain electrodeposits the grain size
is too fine to be resolved with the light microscope while at the other extreme
jet-engine turbine blades about 150 mm long of nickel-base superalloy may
sometimes be single crystals. The grain size of metals may be controlled by
heat treatment. The grains may all be of more or less the same size and shape
as in the equiaxed grain structure shown in Fig. 20.28 (bottom). Alterna-
tively, if the metal has been heavily cold-worked, by rolling or extrusion for
example, the grains may be deformed and elongated in the work direction,
giving the highly directional, elongated, grain structure shown in Fig. 20.34.
Although the crystallographic orientation of all the grains in a polycrystalline
metal is usually different and random, occasionally the orientation of most
of the grains in a piece of metal will be similar. Such preferred orientation
can arise in a number of ways; it is important to note, however, that metals
with elongated, columnar grain structures (Fig. 20.34) do not necessarily
have preferred orientation.

However perfect the crystal structure within a grain, there will inevitably
be crystallographic mismatch and imperfection where two adjacent grains
meet, i.e. at grain boundaries; this region of mismatch is, however, only a
few atomic diameters wide, as shown schematically in Fig. 20.35, and on
metallographic sections grain boundaries only become apparent on etch-
ing. Although grain boundaries are regions of imperfection and of crystallo-
graphic mismatch, they are nevertheless quite strong and metals do not
normally fail inter granular Iy. Indeed, grain boundaries act as barriers to the
movement of dislocations and a fine-grained pure metal will normally be con-
siderably stronger than a single-crystal or a coarse-grained material.

Grain boundary and

adjacent crystallographic mismatch

Fig. 20.35 High-angle grain boundary

A grain boundary is a planar defect in a crystal and as such has a higher
energy than the surrounding crystal. By way of comparison, the free sur-
face energy of copper is about 1 200-1 800 nJ/mm2, the grain boundary
energy is about 300-500 nJ/mm2 while the stacking-fault energy is about
80-100 nJ/mm2.

Grain A Grain B



Annealing: Recovery and Recrystallisation

It must be emphasised that many of the crystalline defects already discussed
are metastable, and tend to be eliminated on annealing at elevated tempera-
tures. Thus, when a cold-worked metal is heated, the energy stored in the
metal during the cold-working process is released; the dislocation tangles
rearrange themselves, and the internal stresses, hardness and strength of
the metal are progressively reduced. The changes occurring during this pro-
cess (which is known as recovery) do not aifect the optical microstructure
of the metal. Recovery is followed at higher temperatures by recrystallisa-
tion. New grains are nucleated throughout the metal and grow; the heavily
deformed high-dislocation-density cold-worked grains are replaced by new
equiaxed low-dislocation-density grains. On prolonged heating at even
higher temperatures, some of these grains grow at the expense of others, and
a coarse-grained material (or even a single crystal) replaces the fine-grained
recrystallised structure. The changes occurring during recrystallisation are
readily apparent in the optical microscope, and are accompanied by drastic
softening of the metal.

Macroscopic Defects in Metals

While vacancies, dislocations, etc. may be regarded as atomic defects, grains
may be regarded as microscopic defects. There are also, however, what may
conveniently be termed macroscopic defects in metals. Too often these are
the result of poor design, poor processing or production, poor welding,
careless handling or operating. Examples of these would be sharp re-entrant
corners, crevices, casting defects, rolled-in mill-scale, rough-sheared edges,
poorly machined surfaces, weld defects, surface scratches, etc. However, by
far the most important macroscopic defect, which is inherent in the uses to
which metals are put, and the ways in which they are formed, is the presence
of stresses, and particularly tensile stresses. These stresses may be either
applied, resulting from the fact that the metal is being used in a load-bearing
capacity, or residual. Residual stresses may either be microstresses arising,
for example, from dislocations piled up against a grain boundary or, much
more importantly, macrostresses. Residual macrostresses arise from a very
wide range of effects, e.g. forming, heat treating, machining, welding and
assembling operations can all give rise to high residual tensile stresses over
relatively large regions.

Structure of Metal Surfaces and Surface Defects

So far the structure of pure metals has been discussed with reference to bulk
characteristics and continuous crystals. However, corrosion is essentially a
surface phenomenon and it is necessary to consider how the structure and
defects already described interact with free surfaces. At this stage it is con-
venient to consider only a film-free metal surface, although of course in most
corrosion phenomena the presence of surface films is of the utmost impor-
tance. Furthermore, it is at free surfaces that the hard sphere model of metals



first begins to become inadequate, particularly when surface films are con-
sidered, or in aqueous environments, when an electrical double layer exists.

Figure 20.36a shows schematically a smooth metal surface, although it
should always be borne in mind that even a high-quality electropolished sur-
face will not be flat but will have a roughness of about 5 nm or so high, while
the roughness on a high-quality machined surface may be about 1 pm or so
high. In most real materials there will be grain boundaries meeting the surface
as shown in Fig. 20.360. Furthermore, it is extremely unlikely that the plane
of the metal surface will coincide with a low-index low-energy high-atomic-
density close-packed plane, as in grain B. In most cases the plane of the metal
surface will be a high-index high-energy low-atomic-density plane, as in
grains A and C.

On an atomic scale, metal surfaces are usually described in terms of the
terrace-ledge-kink model shown in Fig. 20.36&. Essentially, it is suggested
that clean metal surfaces consist of low-energy low-index terraces separated
by ledges of monatomic height which occasionally contain monatomic kinks.

By their nature, dislocations cannot end suddenly in the interior of a
crystal; a dislocation line can only end at a free surface or a grain boundary
(or form a closed loop). Where a screw dislocation intersects a free surface
there is inevitably a step or ledge in the surface, one atomic layer high, as
shown in Fig. 20.3Oc. Furthermore, the step need not necessarily be straight
and will, in fact, almost certainly contain kinks.

The co-ordination number of an atom lying in a (111) surface of an f .c.c.

Grain boundar ies

Ledge

Terrace

Kink

Surface vacancy

Emergent
screw dislocation

Ad- atom

Emergent edge
dislocat ion

Fig. 20.36 (a) Grains of different orientation intersecting a free surface and (b) the terrace-
ledge-kink model of a free metal surface

A
B C



crystal is 9, compared with the bulk value of 12; an atom at a step in the
surface has a co-ordination number of 7 while that of an atom at a kink in
a step is only 6. The latter atom, therefore, is least strongly bound to the metal
crystal and is likely to be the first to be removed from the lattice in any active
dissolution process. Clearly, however, this removal does not eliminate the
kink and, in fact, it is impossible, by repeated removal of atoms, to eliminate
the step caused by a screw dislocation intersecting a free surface. There are,
however, in addition to screw dislocations, many other causes of steps or
ledges on metal surfaces, for example low-index planes intersecting the sur-
face at an acute angle (see grain A in Fig. 20.360).

As shown in Fig. 20.366, an edge dislocation intersecting a free surface
does not cause a step. However, the atoms adjacent to the core of the disloca-
tion, being in non-equilibrium positions, have a higher energy than other
atoms in the surface. The emergent ends of both edge and screw dislocations
thus represent potential sites for preferential dissolution. Finally, there may
be vacancies in the surface and ad-atoms on the surface (Fig. 20.366).

Structure of Alloys

The discussion so far has been limited to the structure of pure metals, and
to the defects which exist in crystals comprised of atoms of one element only.
In fact, of course, pure metals are comparatively rare and ail commercial
materials contain impurities and, in many cases also, deliberate alloying
additions. In the production of commercially pure metals and of alloys,
impurities are inevitably introduced into the metal, e.g. manganese, silicon
and phosphorus in mild steel, and iron and silicon in aluminium alloys.
However, most commercial materials are not even nominally pure metals but
are alloys in which deliberate additions of one or more elements have been
made, usually to improve some property of the metal; examples are the addi-
tion of carbon or nickel and chromium to iron to give, respectively, carbon
and stainless steels and the addition of copper to aluminium to give a high-
strength age-hardenable alloy.

Components and Phases

Impure metals and alloys exhibit all the structural features and crystal defects
of the pure metals already discussed. In addition, however, impure metals
and alloys exhibit many structures which are not observed in pure metals, and
which, in many instances, have an extremely important effect on the proper-
ties, particularly the corrosion resistance. However, before dealing with the
structure of impure metals and alloys, it is necessary to consider the concept
of metallurgical components, phases, constituents and equilibrium phase
diagrams.

The fundamental difference between pure metals and impure metals and
alloys arises from the fact that there is only one atomic species present in the
former, while there are two or more present in the latter; thus a pure metal
is a single-component system, a pure binary alloy is a two-component sys-
tem, while impure metals and alloys, strictly speaking, are multi-component



systems. It is, however, usually valid to neglect the impurities and, for exam-
ple, to consider a commercial brass as a binary Cu-Zn alloy, i.e. as a two-
component system.

Gibbs' phase rule, as applied to metallurgical systems (i.e. under con-
ditions of constant pressure) indicates that pure metals, being single- compo-
nent systems, can only co-exist as two phases in equilibrium at a single
temperature. Thus pure copper, for example, exhibits three phases, namely
solid f.c.c. copper, liquid copper and gaseous copper. Any two of these
phases, say solid and liquid copper, can co-exist in equilibrium at only one
temperature, i.e. the melting point of copper. Pure iron exhibits four phases,
namely two solid phases (f.c.c. and b.c.c. iron (see Table 20.5)) and a liquid
and a gaseous phase. Alloys, on the other hand, being multi-component
systems, can exhibit two or more phases in equilibrium over a range of
temperatures. The phases which are present in an alloy, and their composi-
tion and distribution, markedly affect many of the properties of the alloy,
including corrosion resistance.

Solid Solutions

When a pure metal A is alloyed with a small amount of element B9 the result
is ideally a homogeneous random mixture of the two atomic species A and
B, which is known as a solid solution of B in A. The solute B atoms may take
up either interstitial or substitutional positions with respect to the solvent
atoms A9 as illustrated in Figs. 20.37a and b9 respectively. Interstitial solid
solutions are only formed with solute atoms that are much smaller than the
solvent atoms, as is obvious from Fig. 20.37cr; for the purpose of this section
only three interstitial solid solutions are of importance, i.e. Fe-C, Fe-N and
Fe-H. On the other hand, the solid solutions formed between two metals,
as for example in Cu-Ag and Cu-Ni alloys, are always substitutional (Fig.
20.376). Occasionally, substitutional solid solutions are formed in which the

Fig. 20.37 (a) Interstitial solid solution, (b)
random substitutional solution and (c) an
ordered substitutional solid solution forming

a superlattice



distribution of B in A is not random (Fig. 20.37c) and such solid solutions
are said to be ordered, and to exhibit a superlattice. Order-disorder transi-
tions are observed with temperature changes. Superlattices are observed in
the Cu-Au, Cu-Zn and Fe-Ni systems.

There are a number of differences between interstitial and substitutional
solid solutions, one of the most important of which is the mechanism by
which diffusion occurs. In substitutional solid solutions diffusion occurs by
the vacancy mechanism already discussed. Since the vacancy concentration
and the frequency of vacancy jumps are very low at ambient temperatures,
diffusion in substitutional solid solutions is usually negligible at room
temperature and only becomes appreciable at temperatures above about
0.5TM where TM is the melting point of the solvent metal (K). In inter-
stitial solid solutions, however, diffusion of the solute atoms occurs by jumps
between adjacent interstitial positions. This is a much lower energy process
which does not involve vacancies and it therefore occurs at much lower
temperatures. Thus hydrogen is mobile in steel at room temperature, while
carbon diffuses quite rapidly in steel at temperatures above about 370 K.

Segregation at Dislocations and Grain Boundaries

In practice, the distribution of solute atoms in a solid solution is not ideally
homogeneous. There is almost invariably a stress field around any solute
atom in solid solution, and there is therefore a tendency for these atoms to
migrate to regions of the crystal lattice that are already strained, in particular
to grain boundaries and to dislocations. Thus in impure metals and alloys
there is an inherent tendency for impurities and alloying additions to segre-
gate at grain boundaries and around the cores of dislocations. Segregation
of carbon and nitrogen to dislocations in steels has a very significant effect
on their mechanical properties, and in particular is responsible for their sharp
yield point; similar segregation may also (see Section 1.3) affect the corrosion
behaviour of cold-worked steels. The segregation of impurities and alloying
elements to grain boundaries is clearly of relevance in any consideration of
the strength and reactivity of grain boundaries and, in particular, of inter-
granular corrosion, temper embrittlement, etc.

In addition, it has fairly recently been recognised that impurities and alloy-
ing elements will also tend to segregate to free surfaces. The implications of
this for corrosion resistance and particularly for passive-film formation have
received relatively little attention.

Limited and Complete Solid Solubility

Just as the saturated solubility of sugar in water is limited, so the solid
solubility of element B in metal A may also be limited, or may even be so
low as to be negligible, as for example with lead in iron or carbon in alumi-
nium. There is extensive interstitial solid solubility only when the solvent
metal is a transition element and when the diameter of the solute atoms is
< O • 6 of the diameter of the solvent atom. The Hume-Rothery rules state that
there is extensive substitutional solid solubility of B in A only if:



(a) The atomic diameters of A and B do not differ by more than 15%.
(b) The two elements have similar electronegativity. (Note: electro-

negativity is the power of an element to attract electrons to itself when
present in a molecule or in an aggregate of unlike atoms; it is a different
property from the electrode potential, which depends on the free
energy difference between an element in its standard state and a com-
pound or ion in solution (see Section 20.1).) In addition a metal of a
lower valency tends to dissolve a metal of a higher valency more readily
than vice versa.

However, just as two liquids may be completely miscible and form a com-
plete range of solutions from one pure liquid to the other, so certain metals,
for example copper and nickel, exhibit complete solid solubility over the
whole range of compositions from pure copper to pure nickel. Clearly for
two metals to be soluble in each other over the whole compositional range,
they must have the same crystal structure, i.e. they must be isomorphous.

Intermediate Phases and lntermetallic Compounds

When metal A is alloyed with enough element B to exceed the solid solubility
of B in A9 a new phase is formed. This may be the other terminal solid solu-
tion of A in B. Alternatively, an intermediate solid-solution phase, with a
crystal structure different from that of either of the terminal solid solutions,
may be formed over a range of compositions. An example of this is the
so-called /3-phase in brasses which is the stable phase at room temperature
over the composition range 47-50% Zn. In some alloys, intermediate phases
are formed that are best regarded as compounds. Examples are Fe3C
(cementite) in the Fe-C system and the intermetallic compounds MgNi2 and
Mg2Ni formed in the Mg-Ni system. Whereas solid solutions are stable over
a range of compositions, compounds have a unique composition; cementite,
for example, corresponds to Fe-25at.%C (Fe-6-7wt.%C).

Equilibrium Phase Diagrams

In alloys, as in pure metals, the stable phase or phases change with changing
temperature. Furthermore, in alloys the stable phase or phases, and the com-
position of these phases, changes with the composition of the alloys. These
changes are best represented by equilibrium phase diagrams. These define the
stability and composition of the phases that can occur in an alloy system as
a function of temperature and alloy composition, under conditions of con-
stant pressure. Phase diagrams are in many ways analogous to Pourbaix
diagrams, which define the stability of phases in a metal/water system as a
function of potential and pH, and like £"-pH diagrams, phase diagrams have
certain limitations. Firstly it must be emphasised that they are equilibrium
phase diagrams, and that they only predict the stability and composition of
phases under equilibrium conditions. They give no indication of how rapidly
equilibrium will be achieved in practice, nor do they give any indication of
the distribution of the phases at equilibrium. Somewhat analogously, E-pU



diagrams give no information as to the rate at which a particular metal will
corrode, or as to the protectiveness of a particular passive film. Secondly,
equilibrium phase diagrams give no information whatsoever as to the
existence of metastable phases, some of which are of the utmost practical
significance. These limitations become particularly important under condi-
tions of rapid temperature change. Phase diagrams, in contrast to £-pH
diagrams, are always determined experimentally, although they can be
explained and to a certain extent qualitatively predicted from thermo-
dynamic data and considerations. Nevertheless, in spite of these limitations,
phase diagrams are an extremely important and useful metallurgical tool.
(See also Section 1.4.)

Binary lsomorphous Phase Diagrams

Although ternary and quaternary phase diagrams are beyond the scope of
this section, it is appropriate to deal with the various types of binary phase
diagram by referring to some specific alloys. The simplest phase diagram
refers to an isomorphous alloy system in which there is complete solid
solubility. By way of example, the Cu-Ni phase diagram is shown in Fig.
20.38. This phase diagram indicates that at 1 60OK an alloy containing 10%
Cu is a liquid (point a in Fig. 20.38). On slow cooling, this alloy starts to
solidify when the liquidus line is reached, i.e. point b at about 1 50OK. At
this point grains of a solid solution containing about 53% Cu are nucleated
from the liquid containing 70% Cu, and start to grow. As the temperature
continues to fall, the composition of the liquid follows the liquidus line while
that of the solid falls along the solidus line, until at 1 47OK the alloy consists
of a mixture of a solid solution containing 62% Cu and a liquid containing
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Fig. 20.38 Nickel-copper phase diagram
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18% Cu (Fig. 20.38). Furthermore, the fraction of solid in the two-phase
mixture is given by the ratio of the lengths yz/xz, while the fraction of liquid
is given by xy/xz* This is known as the lever rule. On further slow cooling
the solidus line is reached, i.e. point c at about 1 43OK, when solidification
of the alloy is complete; the last liquid to freeze contains about 85% Cu, while
the last solid to solidify contains 10% Cu. At 1 30OK, for example, and indeed
at all temperatures below the solidus, an alloy containing 10% Cu is a solid
(point d in Fig. 20.38). Clearly the phase change in this transformation is
liquid -» solid. The microstructure of a homogeneous single-phase solid-
solution alloy is indistinguishable from that of a pure metal, as shown in Fig.
20.28 (bottom).

Coring

If the alloy is cooled sufficiently slowly, the alloy itself and all the grains in
it will be homogeneous after solidification. If, on the other hand, the alloy
is cooled rather more rapidly, the grains will not be homogeneous but will
be cored. During cooling, the composition changes in the solid phase involve
solid state diffusion; if the temperature falls too rapidly, therefore, there is
insufficient time for diffusion. In the Cu-30Ni alloy referred to earlier, clearly
the centre of the grains, the first metal to have solidified, would be nickel rich
(i.e. low in copper) while the grain boundary regions, the last metal to have
solidified, would be copper rich. Coring is eliminated by annealing at high
temperatures to permit diffusion and homogenisation to take place.

Eutectic Phase Diagrams

The equilibrium phase diagram for Pb-Sb alloys represents a simple eutectic
system and is shown in Fig. 20.39. This type of phase diagram is often
observed when there is negligible solid solubility of the two metals in each
other and no intermediate phases are formed. The point E is the eutectic
point, TE the eutectic temperature and CE the eutectic composition, in this
case approximately 52OK and 13% Sb, respectively. Like a pure metal, an
alloy of eutectic composition freezes at a single temperature TE9 instead
of over a temperature range, as in the case of the Cu-30Ni alloy already
discussed. Unlike a pure metal, however, a eutectic alloy freezes to give a
mixture of two phases, in this case Pb and Sb; in general terms, therefore,
a eutectic reaction involves liquid -» solid a + solid 0.

A hyper-eutectic alloy containing, say, 50% Sb starts to freeze when the
temperature reaches the liquidus line (point a in Fig. 20.39). At this tempera-
ture pure pro-eutectic Sb nucleates; as the temperature continues to fall,
more antimony is deposited from the melt, and the composition of the liquid
phase moves down the liquidus line to the eutectic point. When this is
reached, the remainder of the melt solidifies. The microstructure of alloys of
eutectic composition varies somewhat with alloy system, but generally con-
sists of an aggregate of small particles, often platelets, of one of the phases
comprising the eutectic in a continuous matrix of the other phase. Finally,
the microstructure of the hypereutectic 50% Sb alloy already mentioned



consists of primary (pro-eutectic) antimony surrounded by the eutectic con-
stituent, as illustrated in Fig. 20.40. This microstructure is clearly to be
expected from the solidification sequence just described.

Fig. 20.40 Light micrograph showing the microstructure of a hyper-eutectic Pb-SOSb alloy
(x 50)

Sb (wt. 7o)

Fig. 20.39 Lead-antimony phase diagram
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More Complex Binary Phase Diagrams

Most phase diagrams, however, are more complex than those shown in Figs
20.38 and 20.39. Thus in most eutectic systems there is some appreciable

Fig. 20.41 (d) Silver-copper phase ,diagram and (b) magnesium-tin phase diagram

T
em

p
er

at
u

re
 

(K
)

T
e

m
p

e
ra

tu
re

 
(K

)

L i q u i d

Liquid * *

Li quidus
line

Solidus
line

Liquid + 0

Solidus l i n e

Cu (wt V.)

Primary P* eutectic

mp of
pure Mg

LiquidLiquid

m p. of
Mg2Sn

m.p of
pure Sn

Sn (wt •/.)



Fig. 20.43 Aluminium-rich end of the aluminium-copper phase diagram

Fig. 20.42 Copper-zinc phase diagram

T
e

m
p

e
ra

tu
re

 
(K

)

Te
m

pe
ra

tu
re

 
(K

)

L iquid

L i q u i d

Cu ( wt . % )

m.p.
pure

Zn (wt °/o)



solid solubility, as in the Ag-Cu phase diagram shown in Fig. 2OAIa. At
ambient temperatures, therefore, an Ag-50Cu alloy would contain two
components (Ag and Cu), two phases (the a and /3 solid solutions) and two
constituents (primary pro-eutectic 0 and the eutectic mixture of a + 0).
Furthermore, in many alloy systems intermediate phases and/or inter-
metallic compounds are formed. Figure 20.41 b, for example, illustrates the
Mg-Sn phase diagram; this exhibits two eutectic reactions and the inter-
metallic compound Mg2Sn. Finally, a number of other reactions, in addi-
tion to the eutectic reaction, are observed; of particular importance are (on
cooling in all cases):

1. The eutectoid reaction: solid a. -> solid/3 + solid 7.
2. The peritectic reaction: liquid + solid a -» solid 0.
3. The peritectoid reaction: solid a. + solid & -> solid 7.

By way of example, the Cu-Zn phase diagram shown in Fig. 20.42 exhibits
a number of different intermediate phases (0, 7, 6, etc.) and a number of
peritectic reactions and a eutectoid reaction. In many instances it is not neces-
sary to consider a complete phase diagram. Thus Fig. 20.43 illustrates the
Al-rich end of the Al-Cu phase diagram and is used below in a discussion
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Fig. 20.44 Iron-rich end of the metastable Fe-Fe3C phase diagram
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of precipitation hardening. Again, Fig. 20.44 shows the Fe-Fe3C phase
diagram, the great practical importance of which is in no way reduced by the
fact that one of the components in it, namely Fe3C (cementite), is a meta-
stable compound. The true equilibrium diagram, in which graphite appears
in place of cementite, is of use only when cast irons are being considered, as
opposed to steels. Other phase diagrams which are of particular significance
are the iron-rich ends of the Fe-Ni and Fe-Cr systems, which are shown in

Fig. 20.45 (a) Iron-rich end of the iron-nickel phase diagram and (b) iron-rich end of the iron-
chromium phase diagram

Figs. 20.450 and b, respectively. It follows from the diagrams that Ni and
C are austenite fy-phase) stabilisers while Cr is a ferrite (a-phase) stabiliser.
The fact that the interstices in an f .c.c. structure are bigger than those in a
b.c.c. structure accounts for the fact that C is much more soluble in f.c.c.
iron (austenite) than in b.c.c. iron (ferrite) (Fig. 20.44).

The Fe-Fe3C Phase Diagram

Because of the great practical importance of steels it is necessary to discuss
the Fe-C system in rather more detail. The Fe-Fe3C phase diagram consists
of the following three reactions

1. At 1 766K and 0-16% C the peritectic reaction: liquid Fe + d - Fe
(b.c.c.) -> 7 - Fe (f.c.c.).

2. At 1 42OK and 4• 3% C the eutectic reaction: liquid Fe -> y - Fe (f c c )
+ Fe3C.

3. At 996K and O- 80<7o C the eutectoid reaction: 7 - Fe (f.c.c.) -» a - Fe
(b.c.c.) + Fe3C.
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The peritectic transformation generally has little effect on the structure, pro-
perties or corrosion resistance of steels at room temperature; an exception
to this occurs in the welding of certain steels, when 6-ferrite can be retained
at room temperature and can affect corrosion resistance. Furthermore, since
most steels contain less than about 1 -0%C (and by far the greatest tonnage
contains less than about O- 3%C) the eutectic reaction is of relevance only in
relation to the structure and properties of cast irons, which generally contain
2-4%C. This discussion, therefore, will be limited to the eutectoid reaction
that occurs when homogeneous austenite is cooled.

Decomposition of Austenite

When austenite is cooled, the structures which result from the eutectoid reac-
tion depend on the temperature at which the transformation takes place.
In practice, of course, steels are generally continuously cooled at a rate which
may vary from very rapid (quenching) to very slow (furnace cooling). How-
ever, it is useful and valid to simplify the situation by assuming that the
transformation occurs isothermally. In other words, therefore, we shall
consider initially the reactions which occur when a steel containing O-8%C
(i.e. of eutectoid composition) is very rapidly quenched from, say, 1 40OK
to some temperature T < 996K9 at which decomposition of the austenite
takes place. In general, the structures produced on slow continuous cooling
approximate to those resulting from high-temperature isothermal trans-
formation, while rapid continuous cooling results in structures which
approximate to those obtained by intermediate-temperature isothermal
transformation.

Format/on of Pearlite

If austenite is allowed to transform just below 996K, the reaction product,
as predicted by the Fe-Fe3C phase diagram, is the OL - Fe + Fe3C eutectoid.
This eutectoid constituent is known as pearlite, and consists of alternate
platelets of ferrite (a-Fe) and cementite (Fe3C), the former being the con-
tinuous phase. The decomposition of austenite to pearlite involves nucleation
of pearlite, which occurs almost exclusively at austenite grain boundaries,
followed by growth of pearlite; both processes involve the solid-state diffu-
sion of carbon in iron. Immediately after quenching, therefore, the struc-
ture of the steel consists of untransformed austenite, as shown schematically
in Fig. 20.450. At some later time, nucleation of a number of colonies of
pearlite will have occurred at the austenite grain boundaries, as shown in Fig.
20.456; at this stage about 10% of the austenite has transformed. At some
later time still, growth of the pearlite will have occurred by nucleation of
new a-Fe and Fe3C platelets and by extensive edge-wise growth of existing
platelets as shown in Fig. 20.45c; at this stage about 90% of the austenite has
transformed and eventually transformation will be complete.

In fundamental terms, the transformation temperature affects both the
driving force for the decomposition of austenite and the diffusion rate of
carbon. In effect, therefore, the transformation temperature alters both the
rate of nucleation and the rate of growth. This in turn manifests itself in



Fig. 20.46 Some of the pearlitic and bainitic micr©structures observed in eutectoid steels after
various heat treatments

different transformation times at different temperatures. Furthermore, the
spacing of the pearlite platelets is characteristic of the temperature at which
transformation occurred, the lower the transformation temperature the finer
are the platelets, and the greater the hardness and the strength of the steel.
The distinction between coarse and fine pearlite structures is shown in Fig.
20A6d and e, respectively; in practice the platelets in very fine pearlite may
not be resolvable with a light microscope. The rate of transformation of
carbon steels is also markedly affected by the presence of other alloying
elements. However, a detailed consideration of the transformation and struc-
ture of low-alloy steels is beyond the scope of this section.

Formation of Bainite

At lower transformation temperatures (<770K approx.) a second reaction,
the formation of bainite, intervenes. Like pearlite, the bainite constituent in
steels consists of a mixture of ferrite and an iron carbide and is formed by

Pearl t te
(<*-Fe+ Fe3C)
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a time-dependent nucleation and growth process involving diffusion of
carbon. Bainite, however, grows as needlelike plates, which consist of very
fine particles of carbide embedded in a ferrite matrix. The carbide particles
can only be resolved in an electron microscope; in the light microscope only
the acicular bainite needles are visible. The microstructure of a bainitic steel
is shown schematically in Fig. 20.46/; the appearance of bainite, however,
and the structure and composition of the carbides in it, vary somewhat with
transformation temperature. Bainite is much harder than pearlite.

Formation of Martensite

Finally, at even lower transformation temperatures, a completely new reac-
tion occurs. Austenite transforms to a new metastable phase called marten-
site, which is a supersaturated solid solution of carbon in iron and which has
a body-centred tetragonal crystal structure. Furthermore, the mechanism
of the transformation of austenite to martensite is fundamentally different
from that of the formation of pearlite or bainite; in particular martensitic
transformations do not involve diffusion and are accordingly said to be
diffusionless. Martensite is formed from austenite by the slight rearrange-
ment of iron atoms required to transform the f.c.c. crystal structure into
the body-centred tetragonal structure; the distances involved are con-
siderably less than the interatomic distances. A further characteristic of the
martensitic transformation is that it is predominantly athermal, as opposed
to the isothermal transformation of austenite to pearlite or bainite. In other
words, at a temperature midway between ms, (the temperature at which
martensite starts to form) and mf, (the temperature at which martensite

Fig. 20.47 Light micrograph showing the microstructure of a martensitic steel ( X 550)
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formation is apparently complete) the steel will consist of about 50% auste-
nite and about 50% martensite; this transformation of 50% of the austenite
to martensite is effectively instantaneous and no matter how long the steel
is held at temperature, no further transformation will occur. Figure 20.47
illustrates the microstructure of a fully martensitic steel. The martensite
platelets are heavily twinned, although this is only apparent in an electron
microscope. In fact, in a eutectoid steel the mf temperature is below room
temperature although in a more common hypo-eutectoid steel containing
about 0-2% C, /ws«720K and mf«550K. Other alloying elements also
affect the temperature at which the martensite transformation takes place,
and usually decrease it.

Isothermal Transformation Diagrams

Time-temperature-transformation (T-T-T) diagrams are used to present the
structure of steels after isothermal transformation at different temperatures
for varying times. The T-T-T diagram for a commercial eutectoid steel is
shown in Fig. 20.48ar. Also shown on the curves are the points at which the
microstructures illustrated in Figs. 20.46 and 20.47 are observed, and the
thermal treatments producing these structures. When a steel partially trans-
formed to, say, pearlite, is quenched from point a in Fig. 20.480 to below
wf, the untransformed austenite transforms to martensite.

Transformation of Hypo-eutectoid Steels

As noted above, most steels are, in practice, hypo-eutectoid. Consider, by
way of example, a low-alloy steel containing 0*3%C. The Fe-C phase
diagram (Fig. 20.44) indicates that as a steel of this composition is cooled
below about 1 08OK the equilibrium state is a two-phase structure containing
primary, pro-eutectoid ferrite and austenite. On further cooling to below
996K the equilibrium structure consists of pro-eutectoid ferrite and pearlite.
These differences are reflected in the rather more complicated T-T-T
diagram used for this steel, shown in Fig. 20.486.

Depending on the transformation temperature, the steel may transform to
ferrite plus austenite (T1 in Fig. 20.486), to ferrite plus pearlite via ferrite
plus austenite (T2), directly to ferrite plus pearlite (T3) or directly to ferrite
plus bainite (T4). The pro-eutectoid ferrite morphology, like the pearlite
morphology, varies with the isothermal transformation temperature and also
with the carbon content of the steel. The ferrite nucleates heterogeneously
on austenite grain boundaries. Any pro-eutectoid ferrite in slightly hypo-
eutectoid steels (about O -6%) therefore tends to be distributed along the
austenite grain boundaries, with the grain centres transforming later to
pearlite, as shown schematically in Fig. 20.490. At lower carbon contents,
Widmanstatten pro-eutectoid ferrite is observed, as shown schematically in
Fig. 20.496, while in low-carbon steels massive ferrite is observed (Fig.
20.49c). It is important to re-emphasise that these pro-eutectoid ferrite struc-
tures also vary with isothermal transformation temperature and therefore,
in practice, with cooling rate; they can also be altered by subsequent heat



Fig. 20.49 Schematic illustration of some of the ferritic/pearlitic microstructures observed in
hypo-eutectoid steels after various heat treatments

treatment and working. Grain-boundary and Widmanstatten ferrite are
generally undesirable and result in poor mechanical properties. Figure 20.49,
incidentally, illustrates some of the more important structures observed in
two-phase alloys generally.

The higher the carbon content of a hypo-eutectoid steel, the more pearlite
there will be in a ferritic/pearlitic structure and the greater will be the strength
of the steel, other factors (grain-size, pearlite spacing, etc.) being equal.

Tempering of Martensite

As-quenched martensite is extremely hard, but also extremely brittle. The
hardness of as-quenched martensite, which also increases with increasing
carbon content, is due partly to the strain involved in retaining the carbon
in solid solution in body-centred tetragonal iron, and partly, in low-carbon
martensites, to their very high dislocation density. The martensite reaction
in steels is not reversible and on reheating as-quenched martensite (Fig.
20.5Oa) to various temperatures below 996K, the carbon tends to precipitate
out of solid solution; this process is known as tempering. On tempering at
about 370-520K the carbon precipitates out as the so-called e-carbide, which
may be written as Fe2.4C and has a different structure from cementite. These
carbides precipitate on certain crystallographic planes and on the twin boun-
daries in the martensite plates, forming what is known as a Widmanstatten
structure, as shown schematically in Fig. 20.506. on tempering at 520-770K,
cementite particles are precipitated on twin boundaries and on boundaries
between martensite platelets, leaving a matrix of ferrite as shown in Fig.
20.5Oc. Eventually the cementite particles grow and become spheroidal in
shape, while the twinned structure breaks down, and fine equiaxed ferrite



Tempering temperature , (K)

Fig. 20.51 Effect of tempering temperature on the strength and microstructure of martensite

grains are observed, as illustrated in Fig. 20.5Od. On tempering, as the carbon
precipitates out of solid solution, the strength and hardness of the steel
falls progressively, as shown in Fig. 20.51, while the toughness increases.
Quenched and tempered low-alloy steels are widely used where high-strength
high-toughness materials are required.

Fig. 20.50 Some of the microstructures observed during the tempering of martensite
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Spheroidised Structures in Steels

On tempering or annealing martensite, bainite or even pearlite at even higher
temperatures (about 97OK) a structure consisting of coarse cementite
spheroids (readily visible in a light microscope) in a ferrite matrix is obtained.
This is the most stable of all ferrite/cementite aggregates, and it is also one
of the softest.

The structures and phase transformations observed in steels have been
dealt with in some detail not only because of the great practical importance
of steels, but also because reactions similar to those occurring in steels are
also observed in many other alloy systems. In particular, diffusionless trans-
formations (austenite -» martensite), continuous precipitation (austenite -»
pearlite) and discontinuous precipitation (austenite -> bainite and tempering
of martensite) are fairly common in other alloy systems.

Strengthening Mechanisms in Metals

Many of the ways of increasing the strength of metals have already been dealt
with in passing. For example, cold working a metal increases its dislocation
density and therefore, as already discussed, increases its strength*. Sub-
stitutional solid solutions (e.g. austenitic stainless steels and brass) are nor-
mally stronger than the equivalent pure metals (i.e. iron and copper), as the
lattice distortion involved hinders dislocation movement. This is known as
solid-solution hardening. Metals with fine grain structures, produced by
grain-refining treatments such as cold working followed by annealing to give
recrystallisation, are stronger than coarse-grained materials and single
crystals, since grain boundaries act as barriers to dislocation movement.
Steels may be quenched and tempered to produce high-strength and high-
toughness materials. Clearly, these all involve altering the structure of the
metal in some way. A further very important strengthening mechanism,
namely precipitation hardening, also involves microstructural changes.

Precipitation Hardening

Precipitation hardening (also called age hardening and dispersion hardening)
is particularly important in high-strength aluminium alloys, but it is also used
to strengthen other alloys, notably certain steels and nickel-base alloys. Con-
sider, by way of example, the Al-Cu phase diagram shown in Fig. 20.43. At
about 82OK the equilibrium structure of an Al-4Cu alloy (point X in Fig.
20.43) is the single-phase GL solid solution of copper in aluminium, as shown
in Fig. 20.52#. On annealing at this temperature, i.e. on solution heat
treating, this equilibrium state is readily achieved. At room temperature,
since the limit of solid solubility decreases with decreasing temperature, the
equilibrium structure consists of the a-solid solution plus the CuAl2 inter-
metallic compound. This equilibrium state may be achieved by very slowly

* The processes involved in the nucleation and multiplication of dislocations during cold work-
ing are very complex, and beyond the scope of this section.



cooling the alloy from 82OK to room temperature, and consists of very coarse
discontinuous precipitates of CuAl2 in an a matrix, as shown in Fig.
20.52&. However, on quenching the alloy to room temperature, diffusion
(and therefore nucleation and growth of CuAl2) is prevented, and the
copper is retained in supersaturated solid solution, as shown in Fig. 20.52c.
This super-saturated solid solution is relatively soft, weak and ductile. If this
metastable supersaturated solid solution is then aged, i.e. heat treated at a
relatively low temperature (370-520K), the excess copper again precipitates
out of solid solution as CuAl2. In this case, however, the CuAl2 particles are
extremely fine, certainly sub-microscopic and under certain conditions only
just resolvable in the electron microscope. The precipitation sequence varies

Fig. 20.52 Some of the microstructures observed during the heat treatment of precipitation-
hardening aluminium alloys

from alloy to alloy but is generally quite complex and involves a number of
intermediate metastable precipitates. The initial precipitates or coherent
zones formed during the early stages of ageing (i.e. after relatively short
times) interact with dislocations and tend to hinder their movement. This
underaged condition is therefore stronger than the as-quenched condition,
but, since the zones are extremely fine (Fig. 20.52d), and are readily sheared
by moving dislocations (Fig. 20.530), only moderately so. On further ageing,
somewhat coarser, semi-coherent intermediate precipitates are formed (Fig.
20.52e). These interact strongly with dislocations and, since they are too
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Fig. 20.53 (a) Dislocation shearing a precipitate particle and (b) a dislocation bowing round
a precipitate particle

large to be sheared, form very effective barriers to dislocation motion.
Dislocations can only move through the matrix by bowing round the
precipitates and leaving behind dislocation loops, as shown in Fig. 20.53&,
and in this peak-aged condition the alloy is strongest. If ageing is continued,
a relatively coarse dispersion of the equilibrium precipitate is formed. In this
overaged condition (Fig. 20.52g) the precipitates are too coarse and widely
spaced to interact strongly with dislocation; they are relatively ineffective
barriers to dislocation motion and the alloy therefore again has only inter-
mediate strength. It should be emphasised, however, that even in the over-
aged condition the precipitates are still sub-microscopic.

The rate at which ageing occurs depends on the ageing temperature. At
very low ageing temperatures, over-ageing is not observed in a realistic time
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Fig. 20.54 Curves of strength against the logarithm of the ageing time for a precipitatiot
hardening aluminium alloy aged at different temperatures
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Fig. 20.55 Transmission electronmicrograph showing intergranular and intragranular pre-
cipitation and the precipitate-free zone adjacent to the grain boundary in a high-strength

precipitation-hardening Al-Zn-Mg alloy (x24 000, courtesy G. Lorimer)

scale while at high ageing temperatures the strength falls off almost immedi-
ately. In general, the lower the ageing temperature, the greater the peak hard-
ness. These effects are illustrated schematically in Fig. 20.54.

During ageing, nucleation always occurs first at grain boundaries; the
intergranular precipitates are therefore always coarser and more advanced
than the intragranular precipitates. Furthermore, owing to vacancy and
solute depletion, there is always a precipitate-free zone adjacent to the
grain boundary. The grain-boundary structure of a peak-aged high-strength
precipitation-hardening aluminium alloy is therefore as shown schematically
in Fig. 20.52/and in the electronmicrograph in Fig. 20.55.

Complex Alloy Systems

Detailed consideration of the structure of many of the advanced and complex
alloys which are of considerable technological importance (high-strength
titanium alloys, nickel-base superalloys, etc.) is beyond the scope of this
section, other than to point out that no new principles are involved. Certain
titanium alloys, for example, exhibit a martensitic transformation, while
many nickel-base superalloys are age hardening. Similarly, cast irons,
although by no means advanced materials, are relatively complex; they are
considered in Section 1.3 where graphitisation is discussed.

Inclusions in Metals

In conclusion, it must be emphasised again that commercial materials are
never pure metals or pure binary or ternary alloys. They always contain



impurities which are not particularly beneficial to the properties of the
material; however, so long as they are not positively detrimental (as in the
case of carbon in certain austenitic stainless steels), their presence is tolerated
as it would be uneconomic to remove them. Some of these impurities are in
solid solution. Others, however, exist as inclusions which are quite unaffected
by heat treatment, although they may be broken up by working. Examples
are the Fe-Si-rich inclusions in aluminium alloys (Fig. 20.34), manganese
sulphide inclusions in steel, etc. However, although these impurities may
have a negligible effect on mechanical properties they can, in certain
instances, markedly affect corrosion behaviour.

The concepts discussed in this section are dealt with in greater depth in
References 1 to 10 inclusive, and specific examples of the effect of metal-
lurgical structure on corrosion are considered in Section 1.3.

R. P. M. PROCTER

REFERENCES

1. Reed-Hill, R. E. ,PhysicalMetallurgy Principles, van Nostrand Reinhold, New,York (1970)
2. Rollason, E. C., Metallurgy for Engineers, Edward Arnold, London (1973)
3. Bailey, F. W. J., Fundamentals of Engineering Metallurgy and Materials, Cassell, London

(1972)
4. Smallman, R. E., Modern Physical Metallurgy, Butterworths, London (1970)
5. Cottrell, A. H., An Introduction to Metallurgy, Edward Arnold, London (1967)
6. Cahn, R. W. (Ed.), Physical Metallurgy,.North-Holland, London (1970)
7. Chalmers, B., Physical Metallurgy, John Wiley, New York (1959)
8. McLean, D., Mechanical Properties of Metals, John Wiley, New York (1962)
9. Shewman. P. G., Transformations in Metal, McGraw-Hill, New York (1969)

10. Peckner, D. (Ed.), The Strengthening of Metals, Reinhold, New York (1967)


	Table of Contents
	Volume 1. Metal/Environment Reactions
	Volume 2. Corrosion Control
	9. Design and Economic Aspects of Corrosion
	10. Cathodic and Anodic Protection
	11. Pretreatment and Design for Metal Finishing
	12. Methods of Applying Metallic Coatings
	13. Protection by Metallic Coatings
	14. Protection by Paint Coatings
	15. Chemical Conversion Coatings
	16. Miscellaneous Coatings
	17. Conditioning the Environment
	18. Non-Metallic Materials
	19. Corrosion Testing, Monitoring and Inspection
	20. Electrochemistry and Metallurgy Relevant to Corrosion
	20.1 Outline of Electrochemistry
	The Electrified Interface
	Adsorption Isotherms
	Electrode Kinetics
	Transport or Concentration Overpotential
	The Hydrogen Evolution Reaction
	Electrochemical Aspects of Hydrogen Embrittlement
	References

	20.2 Outline of Chemical Thermodynamics
	1st Law of Thermodynamics
	2nd Law of Thermodynamics
	Entropy
	Gibbs Free Energy or Free Enthalpy
	The Chemical Potential
	Activity
	Gibbs-Duhem Equation
	Spontaneity of a Reaction
	Reversible Cells
	Chemical Potentials and Equilibrium
	Sign Convention for Equilibrium e.m.f.s and Potentials

	20.3 The Potential Difference at a Metal/Solution Interface
	lnterfacial Potentials Constituting the e.m.f. of a Cell
	Reference Electrodes
	Examples
	Bibliography

	20.4 Outline of Structural Metallurgy Relevant to Corrosion
	Structure of Pure Metals
	Structure of Alloys
	Equilibrium Phase Diagrams
	The Fe-Fe3C Phase Diagram
	Strengthening Mechanisms in Metals
	References


	21. Useful Information
	Index



